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Abstract
Iron (Fe), one of the most abundant elements on Earth, can appear in
different structural phases associated with contrasting magnetic properties,
depending on temperature and pressure. The most common phase is α−Fe,
which has a body-centered cubic (bcc) structure and is ferromagnetic.
Another iron allotrope, γ−Fe, a high temperature phase in bulk, has a
face-centered cubic structure (fcc). However, this iron allotrope has been
stabilized at room temperature in nanostructures, namely in thin films
or nanoparticles. In these structures, where one or more dimensions are
in the nanoscale regime, the structural and magnetic properties can be
different from those of bulk γ−Fe. Whereas bulk γ−Fe is antiferromagnetic,
different magnetic states have been reported for γ−Fe thin films. When
ferromagnetism was observed, this was associated with a face-centered
tetragonal (fct) distortion in the γ−Fe thin film.
In this thesis, the coupling between structure and magnetism in embedded
γ−Fe nanoparticles is investigated, i.e. when strained in three dimensions.
We have successfully stabilized γ−Fe nanoparticles in Sr(Ti,Fe)O3, an oxide
perovskite-type matrix. A detailed structural and magnetic characterization
showed that these embedded γ−Fe nanoparticles have an fct distortion, in
analogy to ferromagnetic γ−Fe thin films. This strongly suggests that the
fct structure is a general property of low-dimensional γ−Fe. Moreover, these
embedded γ−Fe nanoparticles are superparamagnetic, i.e. ferromagnetic
below their blocking temperature. Based on these findings we propose a
unified model of γ−Fe in a strain-induced ferromagnetic ground state in
either thin films or nanoparticles.
This model of coupling between structure and magnetism in γ−Fe builds on
the 2γ-state model introduced by Weiss in the early 60’s, where different
v
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electronic structures were associated with different lattice volumes and
different magnetic ordering states. Under tensile strain, γ−Fe is in a high-
volume ferromagnetic state (Weiss’ γ2 state). When relaxed, it is in a
low-volume antiferromagnetic state, corresponding to the γ1 state. We show
that both γ states can coexist in γ−Fe at a finite temperature, by thermal
excitation between ferromagnetic γ2 and antiferromagnetic γ1 (paramagnetic
above its Néel temperature) states. This causes a non-Curie phase transition
in γ−Fe. In this thesis, we generalize this model of the 2γ-state model to
include the role of the fct distortion in determining the magnetic ground state:
starting from relaxed fcc γ−Fe, there is a crossover from an antiferromagnetic
to a ferromagnetic ground state with increasing fct distortion. Our results
thereby motivate and constitute valuable experimental input for a theoretical
reassessment of the coupling between structure and magnetism in γ−Fe, in
particular in γ−Fe nanoparticles.
In addition to its fundamental interest, this rich interplay between crystal
structure, electronic structure and magnetism in γ−Fe opens interesting
prospects to use γ−Fe as a functional material, for example, as the
ferromagnetic constituent of an artificial multiferroic system. Showing
that γ−Fe nanoparticles can be embedded in a perovskite-type structure
(i.e. Sr(Ti,Fe)O3) indicates that γ−Fe nanostructures can be combined with
perovskite-type ferroelectric materials. In such artificial multiferroics, the
strain induced on γ−Fe, via an electric field applied on the ferroelectric host,
would allow to reversibly change the magnetic ground state.
Beknopte samenvatting
Ijzer (Fe), een van de meest aanwezige elementen op aarde, kan verschillende
structuren aannemen die contrasterende magnetische eigenschappen bezitten
afhankelijk van de omgevingstemperatuur en druk. De meest bekende
structuur is α−Fe dat een kubisch ruimtelijke gecentreerde structuur (bcc)
heeft en ferromagnetisch is. Een andere ijzer-allotroop, γ−Fe, een structuur
die in bulk slechts gevormd wordt bij hoge temperaturen, heeft een kubisch
vlakgecentreerde structuur (fcc). Echter, deze vorm van ijzer kan ook
gestabiliseerd worden in nanostructuren (o.a. dunne films en nanodeeltjes) op
kamertemperatuur. In deze structuren, waar één of meerdere dimensies zich
op de nanometerschaal bevinden, kunnen zowel de structurele als magnetische
eigenschappen verschillen tegenover die van bulk γ−Fe. Ondanks dat γ−Fe in
bulk antiferromagnetisch is, werden reeds andere magnetische eigenschappen
gerapporteerd voor γ−Fe dunne films. Zo kan een ferromagnetische dunne
γ−Fe film gelinkt worden aan een structuur met een vlakgecentreerde
tetragonale (fct) vervorming.
In deze thesis wordt de koppeling tussen structuur en magnetisme in γ−Fe
bestudeerd wanneer deze structuur omgeven is door een matrix in drie
dimensies, zoals ingebedde nanodeeltjes. We hebben, met succes, γ−Fe
nanodeeltjes gestabilizeerd in Sr(Ti,Fe)O3, een oxide perovskietstructuur
matrix. Een gedetailleerde structurele en magnetische karakterisering leert
ons dat ingebedde γ−Fe nanodeeltjes structureel ook een vlakgecentreerde
tetragonale vervorming vertonen, naar analogie met ferromagnetische
γ−Fe dunne films. Dit suggereert dat de vlakgecentreerde tetragonale
structuur een algemene eigenschap kan zijn van laagdimensionaal γ−Fe.
Bovendien zijn deze ingebedde γ−Fe nanodeeltjes superparamagnetisch
(d.w.z. ferromagnetisch beneden hun blokkeertemperatuur). Gebaseerd
vii
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op deze resultaten stellen we een veralgemeend concept voor waarbij
γ−Fe in dunne films en nanodeeltjes zich in een vervormingsgeïnduceerde
ferromagnetische grondtoestand bevinden.
Dit overkoepelend concept, waarbij de structuur en het magnetisme in
γ−Fe gekoppeld worden, is gebaseerd op een 2γ-toestandsmodel dat
voorgesteld werd door Weiss in het begin van de jaren ’60. In dit model
worden verschillende elektronische structuren geassocieerd met verschillende
roostervolumes en verschillende magnetische ordeningstoestanden. γ−Fe
bevindt zich in een ferromagnetische toestand (Weiss’ γ2-toestand) met
een groot volume wanneer het vervormt is. In de gerelaxeerde toestand,
dus in de antiferromagnetische toestand geassocieerd met een klein volume,
bevindt γ−Fe zich in de γ1-toestand. We tonen bovendien aan dat beide γ-
toestanden naast elkaar kunnen bestaan bij een eindige temperatuur door de
thermische excitatie tussen de ferromagnetische γ2 en antiferromagnetische
γ1 (dat paramagnetisch is boven zijn Néel temperatuur) toestanden.
Dit veroorzaakt een niet-Curie faseovergang in γ−Fe. In deze thesis
veralgemenen we dit 2γ-toestandsmodel, waarbij de rol van de structurele
tetragonale vervorming toegevoegd wordt om te bepalen in welke magnetische
grondtoestand γ−Fe zich bevindt. Zo bestaat er een overgang van een
antiferromagnetische naar een ferromagnetische grondtoestand wanneer
we starten met gerelaxeerd kubisch vlakgecentreerd γ−Fe en naar een
toenemende structurele vlakgecentreerde tetragonale vervorming evolueren.
Onze resultaten vormen een waardevolle experimentele aanzet voor het
theoretisch herbekijken van de koppeling tussen structuur en magnetische in
γ−Fe, en in γ−Fe nanodeeltjes in het bijzonder.
Bovenop de fundamentele interesse opent deze wisselwerking tussen
kristalstructuur, elektronische structuur en magnetisme in γ−Fe interessante
vooruitzichten om γ−Fe te gebruiken als een functioneel materiaal, bijvoor-
beeld als een ferromagnetische component in een artificiëel multiferroïsch
systeem. Bovendien toont de mogelijkheid dat γ−Fe nanodeeltjes ingebed
kunnen worden in een oxide perovskietstructuur structuur (bijvoorbeeld
Sr(Ti,Fe)O3) aan dat γ−Fe nanostructuren gecombineerd kunnen worden
met oxide perovskiet ferroelectrische materialen. In deze artificiële
multiferroïsche systemen zou de vervorming geïnduceerd op γ−Fe, door
een elektrisch veld aan te leggen op het ferroeletrische subsysteem, kunnen
zorgen voor een reversibele verandering in de magnetische grondtoestand.
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Chapter 1
Introduction
Nanoparticles are the fundamental building components used in nanoscience
[1,2]. The prefix nano is derived from υα´υoς (Greek) or nanus (Latin) and
it literally means "dwarf". During the 11th Conférence Générale des Poids et
Mesures in 1960, the prefix was recorded as an official SI prefix, denoting a
factor of 10−9. For instance for length, 1 nanometer was defined as 10−9
meter or one billionth.
Throughout history, nanoparticles can be found e.g. as small metallic
decorations in stained glass windows of Medieval churches [3]. Since the
1980’s, there has been an increasing interest to investigate nanoparticles.
Enabled by technical developments, this resulted in diverse industrial
applications. Nowadays, nanoparticles are used in various disciplines, from
physics, chemistry to biology. Entirely new types of therapeutics have
been successfully applied in medicine and biotechnology [4]. For example,
insights on nanoparticles resulted in new achievements in cancer therapy
and improved the delivery of poorly water-soluble drugs. The use of
nanoparticles in material science led, on the other hand, to new possibilities
in microelectronics. Researches investigate for instance the potential
replacement of dynamic random-access memory (DRAM), an electronic way
of storing data, by magnetoresistive random-access memory (MRAM) [5–7],
which stores data in magnetic bits. These bits are nanostructures allowing
for a high data storage density, as well as for non-volatile memory (because
of the magnetic characteristics).
1
2 INTRODUCTION
When Faraday investigated the color of gold colloidal particles in 1857, he
discovered them being red, in contrast with the expected gold color [8].
This observation was the base for more thorough investigations on different
physical and chemical properties of metallic nanoparticles compared to
bulk metals, e.g. higher surface to volume ratio, difference in specific
magnetization among others [1,2]. It seemed that the physical and chemical
properties among nanoparticles of the same composition depend on their
interparticle distance, size and shape [9–12]. For example, the wavelength
of absorbed light increases as a function of increasing gold particle size [9],
and is also influenced by its shape [10, 11]. Moreover, the properties of
these gold nanoparticles also depend on their environment, e.g. different
refractive indexes of the surrounding solution define various colors of the gold
nanoparticles [13]. In general, the characteristics of embedded nanoparticles
in a matrix are different from when they are isolated.
The surrounding matrix also influences various other functional parameters of
nanoparticles, for example, the melting point of embedded Pb nanocrystals
[14–16]. Normally, bulk Pb melts at 327.5◦C. However, when Pb
nanoparticles with a diameter of 5-30 nm are embedded in a single-crystal
Al matrix, a different melting temperature is observed, depending on the
structure of the interface between the nanoparticle and its surrounding
material [14].
When both the nanostructures and surrounding matrix are crystalline,
an epitaxial interface is potentially created between the two different
crystalline phases. Epitaxy is an in-plane texture where the orientation
of the nanostructures is fully determined by the underlying substrate. No
rotational degrees of freedom are left. This allows for tuning the nanoparticle-
lattice by the structure of the matrix. The formation of a crystalline structure
with a lattice parameter different compared to its bulk value costs energy.
However, this can be compensated by lowering the interface energy, which
is caused by a reduced atomic mismatch at the interface. This results
in an embedded nanoparticle with a distorted lattice constant compared
to the bulk structure. In the context of the example of embedded Pb
nanoparticles mentioned before, the lattice mismatch between the unit
cell of the embedded Pb nanoparticles and the silicon matrix causes a
lattice expansion on the epitaxial embedded nanoprecipitates [17]. More
general, a different nanoparticle lattice constant compared to bulk can be
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achieved, resulting in either lattice expansion or contraction, by embedding
nanoparticles in a matrix.
While embedding crystalline nanoparticles in a matrix may induce a small
change in lattice constant, it can also stabilize a complete different crystalline
structure within the nanoparticles. For example, cobalt in bulk has a hcp
(hexagonal close-packed) structure under ambient conditions of temperature
and pressure. When embedded in an iron matrix, Co nanoparticles with an
average diameter of 2 nm do not have the hcp structure anymore, but they
adapt to the one of the host, the bcc phase (body-centered cubic) [18]. In
general, metastable phases and structures can be stabilized as nanoparticles.
1.1 Coupling between structure and magnetism in
nanoparticles
In general, the nature of the matrix affects the functional properties of
embedded nanoparticles, i.e. structure, melting temperature, magnetic
properties, ... This thesis focuses on the influence on structural and
magnetic characteristics of nanostructures. For example, cobalt clusters
with an average size of 3 nm are superparamagnetic [19] (bulk cobalt is
one of the most common ferromagnets). Below a critical size, below which
it is energetically favorable to remove the magnetic domain walls, every
nanoparticle forms a single magnetic domain. This favors the random
motion of the direction of magnetization due to thermal fluctuations [20].
Consequently, the macrospin of the overall system behaves as a paramagnet
and the ferromagnetic alignment only exists within the particles. Above a
certain temperature, no hysteresis occurs in the magnetization curve, i.e.
measured magnetic moment as a function of the applied magnetic field [21].
This temperature threshold is called the blocking temperature TB, which
is defined as the temperature at which the measurement time equals the
average time needed to randomly flip the magnetization of the nanoparticle
due to these random fluctuations [21,22]. This temperature is influenced by
the matrix in which the nanoparticles are embedded. For example, Co clusters
show a higher blocking temperature when embedded in single-crystalline Ag
or Au than when embedded in Si or amorphous carbon, due to the difference
in interface quality [19]. Moreover, the blocking temperature of the Co
4 INTRODUCTION
nanoparticles is also affected by the magnetic properties of the matrix [23].
When embedded in an antiferromagnetic matrix (e.g. CoO), magnetic
exchange coupling between the ferromagnetic (Co) and antiferromagnetic
(CoO) phase is induced. This causes the blocking temperature to increase
up to 290 K. On the other hand, when the Co nanoparticles are embedded
in a paramagnetic matrix (C or Al2O3), the blocking temperature is only 10
K [23].
A complete change in structure, caused by the embedding matrix, can also
strongly affect the magnetic properties of the embedded nanoparticles. For
example, both magnetometry measurements and tight binding calculations
performed on embedded bcc Co nanoparticles in an Fe matrix indicate a
significant enhancement in atomic moment relative to bulk hcp Co [24,25].
Consequently, the matrix structure influences the magnetic properties of
embedded nanoparticles by affecting the structure of these nanoprecipitates.
The coupling between structure and magnetism, and in particular the strain-
induced modulation of the nanostructures’ magnetic properties, covers a
broad range of possible modulations, e.g. changes in magnetic anisotropy or
magnetic domain configuration [26–28], ordering temperature [29], slight
changes in magnetization [30] or even a complete switch between different
magnetic states. This coupling between structure and magnetism is studied
in this thesis using embedded γ−Fe nanoparticles in SrTiO3 as a model
system.
1.2 γ−Fe: bulk, thin films and nanoparticles
Iron, one of the most common element on Earth, has atomic number 26 and
belongs to the light mass transition metals of group IV in between manganese
and cobalt. Naturally-occurring iron has four stable isotopes, from which 56Fe
is the most abundant one (91.75%). Other stable isotopes are 54Fe (5.85%),
57Fe (2.12%) and 58Fe (0.28%). Iron represents an example of allotropy in a
metal, i.e. the different physical forms. The phase diagram of iron (Fig. 1.1)
schematically shows the different allotropes of iron from a structural point
of view [31]. α−Fe iron has a body-centered cubic (bcc) crystal structure
with a lattice constant a of 2.87 Å at room temperature (Fig. 1.2). Being
stable in bulk at room temperature, it is the prototypical ferromagnetic
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Figure 1.1: Phase diagram of iron.
material, with revolutionizing applications such as the navigational compass
reaching back almost 1000 years, and a well-established understanding of its
physical properties accumulated over the last century [22]. Moreover, α−Fe
is the first investigated ferromagnet, giving name to ferromagnetism by the
prefix "ferro-". This structure has a Curie temperature of 770◦C, above
which α−Fe becomes paramagnetic. Upon increasing temperature (above
910◦C), iron changes to an fcc (face-centered-cubic) structure. This is the
γ−Fe allotrope, which is antiferromagnetic below its Néel temperature (∼
80 K, based on extrapolation from Fe-alloys) [32]. Between 1400◦C and the
melting point of iron, 1538◦C, a third phase exists: δ−Fe. This phase also
has a bcc structure. When the pressure exceeds 10 GPa, other allotropes
have been observed, e.g. ε−Fe with a hcp (hexagonal close-packed) crystal
structure. The different iron allotropes are summarized in Fig. 1.2, and
classified upon increasing lattice constant a. These Fe allotropes are also
compared to the embedding matrix SrTiO3 used in this thesis.
6 INTRODUCTION
Figure 1.2: The structure of the different alloptropes of iron with their bulk
lattice constants, compared to SrTiO3.
γ−Fe thin films
As stated above, γ−Fe in bulk is only thermodynamically stable at a
higher temperature compared to the well-known and well-studied α−Fe [33].
Experimental research on γ−Fe has been based on extrapolation from Fe-
based fcc alloys [34,35] and on Fe nanostructures. At room temperature, the
fcc Fe phase has been stabilized in ultra-thin films on a suitable substrate.
For these thin films, the most compatible substrate contains copper [36–57].
Copper has an fcc structure with a lattice parameter a of 3.61 Å (see Fig.
1.2 for a comparison to γ−Fe). Other closely related elements in the periodic
table are less suitable due to different crystal structures (bcc for Mn and hcp
for Co) or different magnetic properties (ferromagnetic Ni versus diamagnetic
Cu), which allows for a separate magnetic characterization of the iron layer
on top of the Cu substrate. When gold is added to this copper matrix, an
expanded lattice constant is obtained. The lattice constant a of Cu1−xAux
obeys Vegard’s law [58]. Therefore, the lattice constant a of alloys with Cu
and Au varies between 3.61 and 4.07 Å depending on the Au concentration
x [37,39,44,47,59–61]. More recently, other substrates with an fcc crystal
structure have been used, e.g. rhodium [62] and palladium [61] with a equal
to 3.80 and 3.89 Å respectively. A substrate with an even larger lattice
parameter, e.g. silver [48, 50], stabilizes the bcc α−Fe phase. Therefore,
the stabilization of γ−Fe is, at least partially, due to crystal structure and
lattice matching.
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The magnetic properties of these γ−Fe thin films have been studied since
the 70’s, resulting in reports of different magnetic behaviors, indicating
antiferromagnetic [36], non-magnetic [39] and even ferromagnetic states
[40]. First explanations of these discrepancies were based on the different
substrates the thin films were deposited on. In 1980, Gradmann et al.
described the magnetic properties of a 2 to 3 monolayer (ML) γ−Fe film on
Cu and Cu0.7Au0.3 substrates [37]. The iron film prepared on copper showed
weak ferromagnetism, i.e. a magnetic moment of 0.6 µB/atom, in contrast
to 2.6 µB/atom when prepared on alloys of Cu and Au. A similar effect was
observed for a 5 ML γ−Fe film on a Cu3Au, compared to pure copper [44,47].
When the thin film becomes thicker, a transition occurs from ferromagnetism
to antiferromagnetism (below the Néel temperature). In situ conversion-
electron Mössbauer spectroscopy shows evidence of antiferromagnetic γ−Fe
with a Néel temperature of 65 K for a thickness between 10 and 17 ML on
copper [42]. Another study, probing the magnetic state as a function of
the number of MLs, also addressed this magnetic transition [52]. Moreover,
when the thickness of the iron film exceeds 11 ML, a structural transition
towards the bcc phase is reported. This thickness dependent magnetic state
in thin γ−Fe films on Cu was later confirmed [55–57].
γ−Fe nanoparticles
So far, γ−Fe nanoparticles have been successfully synthesized with different
growth techniques, i.e. from CuFe solid solution [63–65], using molecular
beam epitaxy [66,67] or plasma-enhanced chemical vapor deposition [68].
Most procedures prepare γ−Fe nanoparticles embedded in a metallic
copper based matrix, mainly chosen because of the good lattice matching
between nanoparticle and matrix, both in structure and in lattice parameter.
Elongated γ−Fe nanoparticles have also been stabilized within graphitic
nanotubes [68,69].
A size dependence on the magnetic properties has been reported for embedded
γ−Fe nanoparticles in a compatible matrix, in analogy to the thickness
dependence of γ−Fe thin films. γ−Fe precipitates in CuFe solid solutions are
typically not ferromagnetic [63,64], with ferromagnetism only being observed
in the small cluster limit [65]. Moreover, helical spin-spiral ground states
have also been identified in γ−Fe nanoparticles embedded in a Cu matrix [70].
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Figure 1.3: (a) Lattice parameter a in Å of an fcc Fe film (open symbols)
and the Cu1−xAux substrate (closed symbols) for different film thicknesses
DFe (in number of atomic layers) as a function of the Au concentration x in
the substrate , reproduced from Ref. [37]. (b) Magnetic moment in µB per
Fe atom of a 7 ML Fe film on top of Cu1−xAux or Cu1−xNix as a function of
the interatomic distance in comparison to pure Cu, i.e. ∆a= 0, (below) and
as a function of the lattice parameter a of the substrate, reproduced from
Ref. [59].
A proposed explanation of the size dependence on the magnetic properties
is based on a core/shell picture [66]. In the core of the nanoparticles, there
is a efficient cancellation between up and down spins. Contrary, at the
interface, spin canting may occur and most spins align parallel, causing an
experimentally observed magnetic moment. For bigger nanoparticles, the
core gains importance, reducing the interface contribution and consequently,
the magnetic moment per atom.
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Figure 1.4: Total energy calculations of ferromagnetic (FM), antiferromag-
netic (AFM) and nonmagnetic (NM) bulk γ−Fe as a function of the lattice
parameter a. The calculations are based on the tight-binding linear muffin-tin
orbital method in the atomic sphere approximation and consider an isotropic
variation in lattice parameters (a= b= c). Reproduced from Ref. [66].
Coupling between structure and magnetism in γ−Fe
The magnetic phenomena for ultra-thin γ−Fe films on Cu1−xAux, described
before as substrate and film thickness dependence, have been investigated
thoroughly. Firstly, the gold concentration x determines the in-plane lattice
parameter a of the thin iron films, [37,44,59,60] experimentally shown by
Gradmann et al. (Fig. 1.3(a)). An increasing gold concentration of the
substrate increases the substrate lattice parameter and the in-plane film
lattice constant a. Therefore, it is the lattice mismatch between substrate
and bulk γ−Fe that induces an in-plane tensile strain (along the two in-plane
dimensions), resulting in an fct (face centered tetragonal) distortion in the
thin γ−Fe film. Secondly, the lattice constant of the γ−Fe film also influences
its magnetic properties. This is experimentally shown in Fig. 1.3(b) for
ultra-thin γ−Fe films on Cu1−xAux and Cu1−xNix substrates, where the latter
allows for an in-plane lattice contraction of the film. These results are
recapitulated as follows: the bigger the substrate lattice constant compared
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to pure copper, the higher the measured magnetic moment of the ultra-
thin γ−Fe film. In summary, a coupling between structure and magnetism
exists in γ−Fe thin films, since it is the fct distortion that stabilizes a
ferromagnetic ground state within the first few Fe monolayers. For embedded
nanoparticles, Baker et al. also reported an increasing magnetic moment of
γ−Fe nanoparticles embedded in a Cu1−xAux matrix with increasing gold
concentration x, associated with a structural stretch [67]. However, the data
on which this work was based did not allow for an unambiguous identification
of fct distortion [67].
On the one hand, bulk γ−Fe has an fcc structure and is paramagnetic at
room temperature (antiferromagnetic below the Néel temperature). On the
other hand, γ−Fe ultra-thin films are fct distorted. The two dimensional
interface tunes the structure and affects the magnetism. In particular, γ−Fe
thin films are ferromagnetic or antiferromagnetic depending on the tetragonal
distortion. It is still an open question what is the structural and magnetic
ground state when γ−Fe is strained along three dimensions, i.e. in embedded
nanoparticles.
Various theoretical studies examined the coupling between structure and
magnetism in γ−Fe. The first studies were based on Fe-containing fcc
alloys, where different electronic structures were associated with different
lattice volumes and different magnetic ordering states [32, 71–73]. In a
later phase, bulk γ−Fe has been theoretically investigated as well. These
investigations usually consider an isotropic volume expansion or contraction,
i.e. a change in the lattice parameter a of the fcc structure, and not a
possible fct distortion [57, 66, 74–78]. The calculations reveal a transition
from ferromagnetism to antiferromagnetism as the lattice parameter a is
decreased (Fig. 1.4). To our knowledge, only three theoretical works have
considered the effect of fct (face-centered tetragonal) distortion on the
magnetic properties of bulk γ−Fe [79–81]. A unified and consistent model
of the magnetic order in γ−Fe is still missing, especially one that includes
γ−Fe nanoparticles.
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Nanoparticles, the missing link in the understanding of ferro-
magnetism in γ−Fe
Nanoparticles are the ideal system to study the coupling between structure
and magnetism in γ−Fe. Unlike for bulk γ−Fe, the lattice parameters of
nanoparticles can be varied by embedding them in a suitable host matrix.
Compared to thin films, nanoparticles are also preferable, in the sense that
the structural constraints are imposed in all three dimensions by the host
matrix. The depth-dependence of the structural parameters in strained thin
films (due to relaxation), and therefore of the magnetic properties, makes
it less straightforward to extract general conclusions regarding the relation
between structure and the different magnetic states.
However, γ−Fe nanoparticles are far less well-understood than thin films.
The reason for this gap in understanding is two-fold. From a theoretical
point of view, density functional theory calculations on nanoparticles with
dimensions of a few nm are technically challenging due to the large number
of atoms involved. Experimentally, it is difficult to precisely determine
the lattice parameters of γ−Fe nanoparticles due to the overlap of the
diffraction peaks from γ−Fe and the host matrix (typically Cu and Cu-based
alloys). Without a precise determination of the structural parameters, it
is not possible to establish the link between structure and magnetism in
γ−Fe nanoparticles, in particular regarding the conditions under which a
ferromagnetic state is established. γ−Fe nanoparticles are, therefore, the
missing link in the understanding of the relation between structure and
magnetism in γ−Fe. This thesis is aimed to help closing this gap. Although
the work is focused on a very specific challenge, we also discuss broader
implications of our findings, such as the contribution to the long-standing
debate on the origin of the Invar effect, and the potential for γ−Fe as a
functional nanomaterial.
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1.3 Objectives
The γ−Fe allotrope, either with an fcc or fct structure, still challenges our
understanding of the interplay between crystal structure, electronic structure
and magnetism. The aim of this thesis can be summarized in two objectives:
(1) To understand the coupling between structure and magnetism in
γ−Fe nanoparticles
More specifically, the structural and magnetic properties of γ−Fe nanopar-
ticles are experimentally studied to unravel the origin of a ferromagnetic
ground state.
(2) To search for a unified model of the coupling between structure
and magnetism in γ−Fe
This involves a detailed comparison of our findings with previously reported
structural and magnetic properties of γ−Fe nanoparticles as well as bulk
and thin film γ−Fe.
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1.4 Outline
This thesis is outlined as follows.
Chapter 2 contains an overview of the most important experimental
techniques used in this work, focusing on structural and magnetic
characterization. Next, structural distortion is defined and related to the
systems studied in this thesis. Finally, a detailed description of one specific
technique, conversion electron Mössbauer spectroscopy, is made. This
technique combines structural and magnetic characterization both at room
temperature and at low temperatures. The chapter provides a framework
for the results presented in this thesis.
The mechanism of formation of γ−Fe nanoparticles embedded in Sr(Ti,Fe)O3
is described in Chapter 3. Both γ−Fe nanoparticles and non-precipitated
iron are investigated.
Subsequently, in Chapter 4, the embedded γ−Fe nanoparticles are
structurally and magnetically studied in detail to unravel the relationship
between their tetragonally distorted structure and ferromagnetic ground
state.
Chapter 5 contains a discussion about the comparison of structure and
magnetism in bulk γ−Fe, thin films and nanoparticles to propose a unified
model of magnetic order in γ−Fe.
In Chapter 6, artificial multiferroics with magnetoelectric coupling, where
ferroelectric (e.g. perovskite-type materials) and ferromagnetic phases (e.g.
γ−Fe nanostructures) are combined in one hybrid system, are discussed
as an example of the previously studied interplay between structure and
magnetism in γ−Fe.
A general conclusion is provided in Chapter 7.

Chapter 2
Experimental methodology
This chapter first briefly describes the different experimental techniques for
structural and magnetic characterizations used in this work (Section 2.1).
Section 2.2 illustrates the tetragonal distortion determination within the
different components of the sample, i.e. nanoparticles (γ−Fe) and matrix
(implanted SrTiO3). Finally, Section 2.3 gives a more detailed description of
Mössbauer spectroscopy. This experimental technique combines structural
and magnetic information and is, consequently, of great importance in this
work.
2.1 Structural and magnetic characterization
From a structural point of view, various experimental approaches are needed
for the different components of the sample. The matrix is structurally
studied using Rutherford backscattering and channeling spectrometry
(RBS/C) [82]. This non-destructive ion scattering technique detects the
energy loss of an impinging He-ion beam, caused by the interaction with the
elements in the sample. From this energy loss a quantitative elemental depth
profile can be obtained. When the impinging charged particle beam is aligned
with high-symmetry directions of the crystal, there is a major decrease of
the backscattered yield. This is called channeling, which is based on the
steering of ions trough major crystallographic directions [83]. In this thesis,
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Figure 2.1: (a) Rutherford backscattering spectrometry measurements on Fe
implanted in SrTiO3 (fluence 1.5 1016 at./cm2) along the (001)−direction.
The implanted layer is highlighted in gray, based on the aligned as implanted
measurement. The aligned spectra after different annealing temperatures
TA are shown for TA= 500◦C and TA= 900◦C. Energy for scattering from
oxygen (O), titanium (Ti), iron (Fe) and strontium (Sr) at the surface are
indicated with vertical dotted lines. (b) Angular RBS/C scans along the
(101)−direction of the implanted layer (defined as gray zone in (a)) and
the substrate after TA= 900◦C, which is a measure of the distortion of the
implanted layer. (See section 2.2)
the crystalline quality and elastic strain in the implanted layer in SrTiO3 are
investigated with RBS/C. Elastic strain is described in detail in Section 2.2.
Figure 2.1(a) shows RBS/C spectra used to assess the amount of disorder
induced by the implantation in the matrix. After the Fe implantation in
SrTiO3 ("as implanted"), a measurement aligned with a high-symmetry
direction and a random, i.e. not-aligned, measurement are compared. The
overlapping energy region of these two spectra corresponds to the energy
loss of the backscattered helium ions from Sr atoms in the implanted layer
(see gray zone in Fig.2.1(a)). This indicates an amorphized implanted layer.
Upon annealing, the amount of disorder reduces and consequently, the
crystalline quality (partially) recovers.
The RBS/C measurements shown in this thesis are performed in the Ion
and Molecular Beam Lab (IMBL) in Leuven. Some other used techniques
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are operated in a large scale facility. In this thesis, another channeling
technique is used to study non precipitated Fe (i.e. dilute Fe) in SrTiO3
(due to the smaller mass of Fe compared to Sr, see Section 2.2). Emission
channeling (EC) is performed at the radioactive ion beam facility ISOLDE
at CERN (Geneva, Switzerland) [84, 85]. Beams of radioactive isotopes are
produced using 1.4 GeV proton induced fission in UCx targets, elemental
selective ionization [86] and accelerated to 40-60 keV. The decay products
of these radioactive implanted ions, i.e. electrons in this work, are channeled
along crystallographic directions and detected with an energy and position
sensitive detector. The observed angle dependent electron yield patterns
are compared to simulations, based on the MANYBEAM formalism [87].
A least square fit between experimental and simulated patterns provides
information about the lattice site location of Fe and its fractional occupation
as a function of annealing temperature [88].
Another large scale facility is used for this thesis work, i.e. the European
Synchrotron Radiation Facility (ESRF) in Grenoble, France. The advantages
of a synchrotron, e.g. a high brilliant X-ray source, are needed to study
very small clusters of atoms in the nanoscale regime. The iron nanoparticles
are structurally investigated with Synchrotron radiation X-ray diffraction
(SR-XRD). X-ray diffraction is based on the diffraction of incoming X-rays
due to the periodic arrangement of atoms of a crystalline material. This
technique allows for the identification of structural phases, since fcc, fct
and bcc Fe have peaks at different diffraction angles [89]. More information
about the distortion determination from SR-XRD measurements is described
in Section 2.2.
Magnetic characterization is performed with a superconducting quantum
interference magnetometer (SQUID). Since this work deals with the
detection of a small magnetic response, strict procedures are needed to
avoid measurement artifacts and external magnetic contributions. These
procedures were developed based on statistically relevant tests, which
allowed us to determine the practical limits of SQUID magnetometry for the
detection of ferromagnetism under various sample preparation, processing
and handling conditions [90]. When these precautions are taken into account,
the magnetization of the Fe implanted SrTiO3 used in this thesis can be
measured with high sensitivity. It is important to note, however, that the
measured magnetic moment is a superposition of all different components,
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i.e. substrate, dilute iron and iron nanoparticles.
The combination of both structural and magnetic information of the different
components of the sample is investigated using Mössbauer spectroscopy.
The different Mössbauer setups used in this thesis are described in detail in
Section 2.3.
2.2 Cubic to tetragonal distortion
The tetragonal distortion εT quantifies the difference between a cubic and
tetragonal structure. In this thesis, εT is determined for both the matrix
and embedded nanoparticles. The implanted layer is compared to the cubic
SrTiO3 substrate and the embedded γ−Fe nanoparticles are compared to
bulk γ−Fe. εT is defined as the difference between the distortion in plane
(ε‖) and out of plane (ε⊥)
ε‖ =
am−ae
ae
, (2.1)
ε⊥ =
cm− ce
ce
, (2.2)
εT = ε‖− ε⊥ = am− cmae , (2.3)
with am the measured in plane and cm the out of plane lattice constants of
the considered layer or nanoparticles and ae the ideal cubic lattice constant
of the SrTiO3 substrate or bulk γ−Fe.
In this work the tetragonal distortion εT of the implanted layer on top of the
substrate is determined with RBS/C [91]. Figure 2.1 shows RBS spectra
of an Fe implanted SrTiO3 sample. The backscattering yield at highest
energies, corresponding to the energy window of backscattered He ions from
Sr atoms in the implanted layer (see gray zone in Fig. 2.1(a)), is measured as
a function of rotation angle around the (010)−direction (Fig.2.1(b)). When
this is compared to the information of the underlaying, unstrained substrate,
i.e. from lower-energy backscattered He ions, the elastic strain can be
determined. This elastic strain is a consequence of a compression/expansion
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Figure 2.2: Example showing the difference between a cubic (left) and
tetragonally distorted (right) layer on top of a cubic substrate. There is
a non-zero kink angle ∆ψ when the RBS/C angular scan (e.g. 2.1(b)) is
measured along the (101)-direction for a tetragonal layer.
in one direction (or for example two directions for thin films) resulting in
the opposite effect along the other directions.
When they both possess a cubic structure, the angle with respect to the
perpendicular direction is identical (Fig. 2.2-left). However, when the top
layer is tetragonally distorted, there is an angular change ∆ψ (Fig. 2.2-right)
and there is a shift in the angular scans. (Fig. 2.1(b)). This is used to
quantify the tetragonal distortion εT of the implanted layer (L) compared to
the substrate (S), starting from the definition of εT in equation 2.3 (Figures
2.2 and 2.3) and using a small angle approximation,
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εT = ε‖− ε⊥ =
(
aL cos(θ)
aS cos(θ)
−1
)
−
(
cL
cS
−1
)
=
aLcS−aScL
aScS
=
sL sin(ψL)sS cos(ψS)− sS sin(ψS)sL cos(ψL)
sS sin(ψL)sS cos(ψS)
=
sL
sS
sin(∆ψ)
sin(ψS)cos(ψL)
≈ ∆ψ
sin(ψ)cos(ψ)
, (2.4)
where ψ is the angle of the non-normal axis with respect to the perpendicular
direction for a relaxed lattice, equal to 45◦ for the (101)−direction [91]. The
kink angle ∆ψ is obtained from the difference in ψ for the substrate and
implanted layer, fitted with a Gaussian using the peakfit.m (version 7.45)
function in MATLAB. For example, the implanted layer in Fig. 2.1(b) has a
tetragonal distortion εT of 0.7%.
Because of the smaller mass of Fe compared to Sr, the Fe and Sr signals
overlap in the RBS spectra (Fig. 2.1). Due to the smaller atomic number
and consequently, the backscattered cross section, the backscattered He yield
from Fe compared to Sr atoms is much lower. Both makes the distinction
between Sr and Fe signal difficult. Therefore, XRD is used to determine the
tetragonal distortion εT of the embedded γ−Fe nanoparticles in comparison
to bulk γ−Fe. Although XRD doesn’t offer depth sensitivity, it still has
the advantage of individually determining in plane and out of plane lattice
constants. The tetragonal distortion εT is then derived using equation 2.3
εT =
aγmeasured− cγmeasured
aγbulk
. (2.5)
First, the measured 2θ angle is determined after fitting the SR-XRD
spectra measured along a specific direction (hkl) with the peakfit.m (version
7.45) function in MATLAB. The fitted 2θ angle is the average of three
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Figure 2.3: (a) Visualization of parameters used in the text. The
superscript letters refer to the layer (L) and substrate (S). The difference
in angle measured in the angular scan (e.g. in Fig. 2.1(b)) ∆ψ is also
shown. For example, when the measurement is performed along the
(111)−direction, the y−axis corresponds to the (001)−direction and x−axis
to the (101)−direction. (b) Link between Figure (a) and lattice constants a
and c for example of the substrate along (111)−direction, am = aS cos(θ).
The angles ψ and θ can be seen as cylindrical coordinates.
different fit results (Gaussian, Gaussian/Lorentzian blend and Voigt function).
Afterwards, the interplanar spacing d is calculated from Bragg’s law for the
(hkl)−direction (Fig.2.4)
2d sin(θ) = nλ , (2.6)
where n is a positive integer and λ the wavelength of the incident X-ray
wave. When the d spacing is known, the in plane and out of plane lattice
constants are derived for a tetragonal unit cell,
1
d2
=
h2+ k2
a2γmeasured
+
l2
c2γmeasured
. (2.7)
The lattice constants can only be calculated when at least two measurements
along two different directions have been performed. In this work, we
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Figure 2.4: Illustration of the derivation of Bragg’s law with the diffraction
angle θ and interplanar spacing d.
measured three asymmetric diffraction scans, i.e. along (311)−, (202)− and
(111)−direction. The obtained lattice constants are an average over three
times two sets of equations 2.7. The lattice distortion is then derived from
the calculated lattice constants using equation 2.5.
2.3 Mössbauer spectroscopy (MS)
In 1961 the Nobel Price in Physics has been awarded to Robert Hofstadter
and Rudolf Mössbauer for their research concerning the resonant absorption
of gamma radiation [92]. This breakthrough is based on their experiments
performed in 1956 and 1957, aimed at measuring the lifetime of the 129 keV
state in 191Ir by utilizing methods of nuclear resonance absorption known at
that time [93–95]. When they cooled down both the source and absorber,
they saw a very strong increase in the absorption, which was unexpected
since previously proposed explanations used free particle models. The recoil
energy associated to this process, taking into account the approximation
that the recoil energy is much smaller compared to the energy of the excited
state, is given by
Erecoil =
E2γ
2Mc
, (2.8)
where Eγ is the energy of the emitted γ, M the mass of the nucleus and
c the speed of light. The recoil-free resonant emission and absorption of
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gamma-quanta in solids require a quantum mechanical treatment. When
an atom is bound to a solid matrix, the mass M in equation 2.8 can be
substituted by the effective recoil mass. The mass of the whole system
is very large compared to the mass of a single nucleus, leading to a small
motion induced by the momentum transfer [96]. Additionally, only for small
γ−ray energies, the probability to have a smaller recoil energy compared
to the lowest quantized lattice vibrational energy is high enough to make
recoil-free emission and absorption possible.
The probability that a γ−ray is emitted with no energy loss due to lattice
vibrations is quantified with the recoil-free factor f . Using the Debye model,
where the density of these lattice vibrations is modeled as a quadratic
function up to a cut-off frequency, an approximation of f is made at low
and high temperatures
f = e
− ERkθD
(
3
2+
pi2T2
θ2D
)
, for T << θD, (2.9)
f = e
− 6ERT
kθ2D , for T ≥ θD/2. (2.10)
The high-temperature approximation shows that at higher temperatures the
recoil-free factor decreases exponentially. Therefore, only for a small γ−ray
transition energy and large Debye temperature θD, i.e. a stiff host, the
Mössbauer effect can be efficiently measured.
Not all isotopes fulfill the condition of a small γ−ray transition energy.
57Fe is by far the most known example of a suitable isotope for Mössbauer
spectroscopy, using the 14.4 keV γ line with a lifetime of 141.1 ns and a
linewidth of 5 ·10−9 eV. This isotope is used in this thesis work.
2.3.1 Hyperfine interactions
Mössbauer spectroscopy is able to measure hyperfine interactions, defined
as the perturbation of the nuclear energy states. This is caused by the
interaction of the electric charge distribution and the magnetic dipole
moment with electric and magnetic fields created by the electrons of the
Mössbauer atom and by other atoms in the neighborhood [97]. These
hyperfine interactions result in extremely small splittings of the nuclear energy
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Figure 2.5: The electric monopole interaction causes a change in the
difference between the ground and excited nuclear state levels I (left).
This results in a shift in the Mössbauer spectrum (right): the isomer shift.
levels. Therefore, an exceptional resolution is necessary. The resolution
depends on the natural linewidth of the excited state Γ, defined by the
average lifetime of the excited state. For the Mössbauer isotope 57Fe, Γ
equals 5 · 10−9 eV for the 14.4 keV γ−line, which gives a resolution of
1/1012. There are three hyperfine interactions measured using Mössbauer
spectroscopy, as described in the following paragraphs.
2.3.1.1 Isomer shift
The isomer shift is a result of the Coulomb interaction between the nuclear
charge distribution, over a finite nuclear radius R in the ground and excited
states, and the electron charge density at the nucleus (see Fig. 2.5). The
isomer shift δ is given by
δ ∼ ∆R
R
(
|ψA(0)|2−|ψS(0)|2
)
,
the product between the relative change (∆R) of the nuclear radius R
between excited and ground states, and the difference between the total
electron density evaluated at the absorber and source nuclei [98]. The latter
contribution, the chemical term, is dominated by contributions from the
s electrons, i.e. the electrons that penetrate into the nucleus, which are
influenced by the chemical environment of the atom. Since the d electrons
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Figure 2.6: Range of isomer shifts for 57Fe in different valence and spin
states [97].
screen the nucleus from the s electrons, δ is dependent on the valence and
spin state of the atom. Figure 2.6 shows the range of 57Fe isomer shift for
different charge and spin states. These values are relative to a standard
reference used for Fe calibrations (α−Fe).
As mentioned before, the recoil-free factor f is a measure of the probability
that γ radiation is emitted without recoil, possibly hindered by the vibrational
dynamics of the lattice. Due to lattice vibrations, there is a temperature
dependent shift, related to the average velocity of the nuclei 〈v2〉. This is a
relativistic shift of the energy of the γ−ray due to the thermal motion of the
emitting and absorbing nuclei [97, 98]. This second-order Doppler (SOD)
shift adds to the isomer shift δ , leading to an experimentally measured
isomer shift equal to
δmeasured = δ +δSOD.
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The SOD isomer shift δSOD depends on the measurement temperature T
and Debye temperature θD,
δSOD =− 9kBT2mFec
[
1
8
θD
T
+
(
T
θD
)3 ∫ θD/T
0
x3dx
ex−1
]
.
Fitting δSOD of the different Fe sites as a function of measurement
temperature T gives an estimation of the Debye temperatures θD.
Consequently, the recoil-free factor f can be determined using equations 2.9
and 2.10. Iron on different sites have a different set of hyperfine parameters,
from which the recoil-free factors f for these different sites can be identified.
Afterwards, the corrected Fe fraction Fcorrected on this specific site can be
calculated from the fitted areal fraction F ,
F1,corrected =
F1
f1
F1
f1
+ F2f2 + ...+
Fn
fn
.
2.3.1.2 Quadrupole interaction
The interaction between the nuclear charge distribution and the electrical
potential V at the nucleus results in a quadrupole splitting ∆EQ in the
Mössbauer spectrum [97]. Firstly, the nuclear quadrupole moment Q is
classically defined as the difference between the parallel and transverse
nuclear charge distribution. Only states with a nuclear spin I larger than
1/2 have Q 6= 0. Consequently, only the 3/2 excited state of a 57Fe-nucleus
exhibits a non-zero nuclear quadrupole moment. The positive Q value for
this excited state implies an oblate nuclear charge distribution for this state.
Secondly, the electric field gradient EFG, defined as the second derivative of
the electric potential V , is caused by the electrons of the Mössbauer atom
and the surrounding charges from e.g. ligands. The EFG tensor can be
diagonalized. If all elements of this EFG tensor Vii ≡ ∂ 2V∂x2i are equal, due to a
symmetric electronic environment around the nucleus, ∆EQ becomes zero.
This is true for Fe atoms surrounded by a cubic environment. In general, the
EFG consists of two contributions: a lattice contribution, due to the charge
of neighboring ions in a non-cubic lattice symmetry, and a valence electron
contribution, coming from an anisotropic (non-cubic) charge distribution of
the atoms’ electronic structure [99].
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The effect of the electric quadrupole interaction is shown in Fig. 2.7. Only
the excited 3/2 state of 57Fe splits, due to the non-zero Q value. The energy
difference ∆EQ between the two substates is
∆EQ =
eQVzz
2
.
However, when there is a non-axially symmetric EFG present, e.g. a non
cubic symmetry, the asymmetry η = Vyy−VxxVzz needs to be taken into account,
resulting in
∆EQ =
eQVzz
2
√
1+
η2
3
.
Consequently, the splitting of the resonance lines provides information
about the symmetry of the electronic charge distribution around the
Mössbauer atom. Since the valence electron contribution of the EFG shows
a temperature dependence, measurements of the quadrupole splitting as
a function of temperature can be used to distinguish between the spin
states of the Fe (which also depends on the crystal symmetry of the probe
site). If no temperature dependence is observed, it is often the case that
there is no valence contribution, as only this contribution is temperature
independent and the EFG mainly depends on the crystal symmetry of the
probe site. The relative intensity of the two lines also provides information.
For a single crystalline material, there may be an angular dependence of the
relative line intensities on the angle between the γ−ray and the principle
axis of the EFG, which is the axis with the highest rotational symmetry of
the crystal system. In magnetic compounds, a combination of quadrupole
and magnetic hyperfine (paragraph 2.3.1.3) interactions may exist. In this
case, the quadrupole interaction gives rise to a quadrupole shift (2ε) of the
resonance lines.
2.3.1.3 Magnetic hyperfine field interaction
The interaction of the nuclear magnetic dipole moment µ and the total
magnetic field Bh f at the nucleus results in a splitting of the nuclear states
in 2I+ 1 levels. This causes the ground and excited levels of the 57Fe
isotope to split in 2 and 4 sublevels respectively. Due to selection rules,
not all transitions are allowed, and a six line pattern can be observed in
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Figure 2.7: The electric quadrupole interaction between the nuclear
quadrupole moment and the electric field gradient results in a splitting
of the excited nuclear state of the 57Fe nucleus with I = 32 (left). This results
in a doublet splitting in the Mössbauer spectrum (right): the quadrupole
splitting.
Figure 2.8: The magnetic dipole interaction between the nuclear magnetic
dipole moment and the magnetic field at the nucleus results in a splitting of
both the ground and excited nuclear state of the 57Fe nucleus (left). This
results in a sextet splitting in the Mössbauer spectrum (right).
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Figure 2.9: Parent isotopes of 57Fe
the Mössbauer spectrum (see Fig. 2.8). The energy difference between the
levels is given by
E =−gµNBh f ,
with the nuclear g-factor (∼ 1/I) and µN the nuclear magneton. The
observed hyperfine field consists of different contributions [97]
~Bhf = ~Bext+~BC+~BL+~BD.
The Fermi contact term BC usually dominates and originates from
spin polarization of s electrons. The two other components have an
anisotropic contribution, from the orbital moment of the valence electrons
of the Mössbauer atoms (BL) and from a nonspherical magnetic moment
distribution of electrons outside the nucleus (BD).
When we assume isotropic lattice vibrations within a thin absorber
approximation, single crystals show an angular dependence in the relative line
intensities of the sextet on the angle θ between the γ-ray direction and the
hyperfine field at the nucleus ~Bhf, equal to 3(1+cos2 θ) : 4sin2 θ : 1+cos2 θ .
When the observed field at the nucleus is in the plane of the sample
(perpendicular to the γ−ray direction), 3 : 4 : 1 relative line intensity is
observed. This is 3 : 2 : 1 for polycrystalline materials. Superparamagnetic
samples will show mixtures of sextet components, due to the exponential
nature of the relaxation rate.
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Figure 2.10: Decay scheme of 57Fe, reproduced from Ref. [100].
2.3.2 Experimental Mössbauer setups
A Mössbauer setup is based on three components: source, absorber and
detector. One of them is mounted on a velocity drive to probe the small
hyperfine interaction levels using the Doppler effect. When we want to
investigate Fe-containing materials, Mössbauer spectroscopy is only sensitive
to the available 57Fe, which has an abundance of 2 % in natural iron. The
excited state used in Mössbauer spectroscopy (57*Fe in Fig. 2.9) can be
populated in different ways, via electron capture from 57Co or β+−decay
from 57Mn (see Fig. 2.9).
A closer look at the decay scheme of 57Fe gives insight into the different
possible resonant absorption/emission processes (Fig. 2.10). From the
57Co source, the 136 keV level in 57Fe is fed. 9 % decays directly to the
ground state. The 14.4 keV γ−rays are used for transmission Mössbauer
spectroscopy, where the sample (or absorber) is mounted between a 57Co
source (on a velocity drive) and a detector, e.g. a proportional counter
detecting the non-absorbed 14.4 keV γ−rays (see Fig. 2.11(a)). However,
the probability of emitting a 14.4 keV γ−ray is only 9 %.
It is also possible to measure a Mössbauer spectrum using conversion
electrons (see Fig. 2.10). Figure 2.11(b) shows a conversion electron
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Figure 2.11: Illustration of a (a) transmission Mössbauer setup, (b)
conversion electron Mössbauer setup with a Parallel Plate Avalanche Detector
(PPAD) and (c) emission Mössbauer setup.
Mössbauer setup with a Parallel Plate Avalanche Detector (PPAD). A
wire chamber or channeltrons (see section 2.3.3) can also be used to detect
conversion electrons. This method is suitable to study thin films and surfaces,
due to the escape depth of ∼ 200 nm in the case of conversion electrons
from 57Fe. Fig. 2.11(c) shows another possible Mössbauer spectroscopy
implementation: emission Mössbauer spectroscopy. The main difference of
this setup is that the sample is the source. For example, emission Mössbauer
spectroscopy at CERN is based on the implantation of radioactive 57Mn
in the sample under investigation, and consequently, the detector with an
absorber that is known is moving.
The conversion electron Mössbauer spectroscopy CEMS setup (used in
this work) at room temperature uses a Parallel Plate Avalanche Detector
(PPAD), as shown in Fig. 2.12(a). The sample is mounted on a bottom
plate, which is painted with conductive graphite paint and connected to
a negative bias voltage (∼ 700 V). The top plate is grounded. Below the
bottom plate a neodymium disc magnet can be mounted. Differences in
diameter and height of the disc magnets allow for different applied magnet
fields - always out of plane - up to ∼ 0.4 T (for a sample with a thickness
of 0.5 mm). The detector can rotate perpendicular to the sample normal to
measure at different angles θ between the incoming γ−ray and hyperfine
field direction (see Section 2.3.1.3). The counting gas within the PPAD is
acetone gas under 25 mbar. The breakdown voltage, the voltage needed to
start an electric discharge or arc, is calculated using the Paschen breakdown
mechanism, which is illustrated in Fig. 2.12(b) [101]. The working voltage
(for the used pressure and plate distance) is marked with a red cross. When
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Figure 2.12: (a) Picture of an open Parallel Plate Avalanche Detector
(PPAD), showing the bottom and top plate. (b) the breakdown voltage
for acetone gas under 25 mbar and air as a function of the product of
the pressure in the detector and the distance between the plates (Paschen
breakdown mechansim). The grey zone corresponds to the region where the
combination of applied voltage, pressure and plate distance do not cause
discharges.
there is a leak in the detector, the marker moves towards the higher pressure
side in Fig. 2.12(b), and consequently towards the spark zone of the air
curve. A dropping detection count rate is an indication of this phenomenon.
The optimal working voltage is a balance between a maximal amount of
discharges and minimal number of sparks, which is a cause of background
in the measured Mössbauer spectra.
The PPAD detector is first connected to a preamplifier (preamp), which also
serves as a link from the negative high voltage supply. This negative pulse
(see Fig. 2.13) is sent to an amplifier. The bipolar pulse is an input signal
of a single channel analyzer (SCA), where only the incoming pulses above
a certain threshold are counted. This is connected to a clock generator to
synchronize the detected counts with the velocity of the Mössbauer drive. At
the end, the data are temporarily stored in the data system after which they
are transfered to a PC. The Mössbauer drive velocity must be calibrated to
a calibration sample (in this work a 20 nm α−Fe film on Si is used) from
which the hyperfine interaction parameters are known.
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Figure 2.13: Scheme of electronic modules used in the CEMS setup at room
temperature. Data cables and power or voltage cables are marked with a
full line and dotted arrow respectively.
This electronic scheme is also used for another CEMS setup that has the
ability to measure not just at room temperature, but in a range between
4.2 and 500 K. At temperatures below room temperature PPAD detectors
have been used. However, they only operate efficiently down to 120 K [102].
Therefore, a new CEMS setup has been designed using three channeltrons,
which have the advantage to cover a wider solid angle compared to previously
reported CEMS setups. These measurements at low temperature are useful
in this thesis to study magnetic phenomena below a certain transition
temperature, e.g. superparamagnetism below the blocking temperature TB.
A detailed description of this CEMS setup is given in Section 2.3.3
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2.3.3 ARTICLE I: Multipurpose setup for low-temperature
conversion electron Mössbauer spectroscopy
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Abstract
We describe an experimental setup for conversion electron Mössbauer
spectroscopy (CEMS) at low temperature. The setup is composed of
a continuous flow cryostat (temperature range of 4.2 - 500 K), detector
housing, three channel electron multipliers and corresponding electronics.
We demonstrate the capabilities of the setup with CEMS measurements
performed on a sample consisting of a thin enriched 57Fe film, with a thickness
of 20 nm, deposited on a silicon substrate. We also describe exchangeable
adaptations (lid and sample holder) which extend the applicability of the
setup to emission Mössbauer spectroscopy as well as measurements under
an applied magnetic field.
Key words: Mössbauer spectroscopy, thin films, surfaces, low temperature
Published in Rev. Sci. Instrum. 88, 053901 (2017).
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Figure 2.14: Photograph of the multipurpose low-temperature conversion
electron Mössbauer spectroscopy setup. The Mössbauer drive is mounted
on the detector housing which is mounted on top of the cryostat.
Introduction
Mössbauer spectroscopy is a powerful method to locally probe structural and
electronic properties, such as the charge state, coordination symmetry and
magnetic order of selected elements, e.g. Fe and Sn [97]. Various applications
of Mössbauer spectroscopy require temperature-dependent measurements,
for example, in the context of structural and magnetic phase transitions
[97]. Temperature-dependent measurements can also be used to study
magnetic dynamics within the half-life of the Mössbauer state (∼100 ns
in the case of 57Fe), for example, in the context of magnetic nanoparticles
[103]. Furthermore, since the recoil-free factor increases with decreasing
temperatures, low-temperature measurements are required in cases where
the combination of Mössbauer isotope and host compound results in a low
recoil-free fraction (i.e. low measuring efficiency) [104].
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While Mössbauer spectroscopy is mostly applied in transmission mode (by
detecting photons), such implementations are typically unsuitable for studying
thin films and surfaces, due to the low amount/concentration of the probed
element, dominant absorption in the substrate, etc. Such cases require the
detection of conversion electrons emitted from the surface or near-surface
region (escape depth of ∼ 200 nm in the case of 57Fe [105]). Successful thin
film studies at room temperature already showed a relevant contribution of
CEMS measurement on e.g. the investigation of the tetragonal distortion of
ultrathin (down to 14 Å) silicide layers in Fe/CsCl - 57FeSi/Fe sandwiches
[106] or of thin body centered cubic Co layers prepared in Fe/Co superlattices
doped with 57Co [107]. Measurements at lower temperature would be
beneficial to disentangle different components in complex spectra, e.g. in
thin Fe1−xSi layers on Si [108], provided the temperature dependence of the
hyperfine parameters can be determined. Whereas cryostats are widely used
for transmission Mössbauer spectroscopy, performing conversion electron
Mössbauer spectroscopy (CEMS) measurements at low temperatures is far
less straightforward. In this context, low-temperature CEMS setups can be
categorized in essentially two groups, depending on their electron detection
system: (1) gaseous detectors which make use of avalanche detection of
electrons in an applied electrical field, and (2) channel electron multipliers.
With gaseous detectors, the count rate depends on the applied voltage and
gas composition [109], and may require different gas compositions at different
temperatures. Furthermore, condensation of the counting gas results in
unstable operation conditions of the detectors [110,111]. Although this type
of detectors, under continuous flow operation, may induce vibrations, causing
line broadening, they have been successfully used for CEMS measurements
down to 80 K [112, 113]. At the lowest temperatures, signal instabilities
and a decreasing gain were reported, strongly correlated to an unstable
composition or flow of the gas inside the counter. Sougrati et al. reported
on gas flow counters with gas renewing to enable stable counter performance
over a long period [114]. This setup was based on a closed cycle refrigerator
cryostat (commercially available), and allowed to measure Mössbauer spectra
down to 41 K. Fukumura et al., reported stable operation of gas detectors
from 300 K to 15 K using hydrogen gas [115]. Among gaseous detectors,
improved signal-to-noise ratio and faster time response can be obtained
using parallel plate avalanche detectors (PPAD) [116]. For use at room
temperature, the implementation of such detectors can be made relatively
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simple and inexpensive. At low temperature, however, they have only been
successfully tested down to 120 K. The higher applied voltage required at
lower temperatures results in instabilities, hindering experiments that require
long measuring times [102].
Channel electron multipliers, on the other hand, are operated in high vacuum
[117–123] or ultra-high vacuum [124–126], and have been successfully used
down to 4.2 K, using bath cryostats [117, 118, 120] and continuous flow
He cryostats [121, 123]. Although these detectors tend to have poorer
efficiency compared to parallel plate avalanche detectors for the detection of
conversion electrons, their good performance with low-energy electrons at
cryogenic conditions makes them ideally suited for low-temperature CEMS.
Deterioration at low temperature due to higher resistance has been observed
[127]; however, this deterioration has also been reported not to occur [118].
Here, we report on the successful implementation of a CEMS setup based
on channel electron multipliers and a continuous flow cryostat (temperature
range of 4.2-500 K). Exchangeable adaptations (lid and sample holder)
extend the applicability of the setup to emission Mössbauer spectroscopy
and measurements under an applied magnetic field.
Setup description
The setup can be divided in three main components (Fig. 2.14): cryostat;
detectors and respective housing; electronics.
The continuous flow cryostat, from Oxford instruments (MICROHR2,
Microstat HiRes microscope cryostat), is designed with a long tube to
minimize vibrations, which is particularly important in the context of
Mössbauer spectroscopy measurements. To minimize any additional sources
of vibration, the pumping station is separately fixed on the floor and
connected to the cryostat with a long flexible tube. The turbo pump
achieves operating pressures of ∼ 8.6× 10−6 mbar at room temperature
and ∼ 1×10−6 mbar at 4.2 K. Moreover, the cryostat is fixed on top of a
table with rubber mats for vibration isolation. A transfer line connects the
cryostat to a liquid He dewar. The sample is mounted on a modified copper
cold finger, with a diameter of = 15 mm. The sample height is made to
be level with the cryostat top hat flange. The temperature is controlled by
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Figure 2.15: Detector housing (aluminum): (a) bottom view photograph
showing the three detectors covering a wide solid angle (b) cross-sectional
diagram showing the detector housing and part of the cryostat, including
the Cu sample holder which is connected to the cold finger of the cryostat.
The distance between the source and the mylar window is 10 mm.
resistive heating (using a MercuryiTC temperature controller, from Oxford
Instruments), and can be set between 1.2 and 500 K. Optimal temperature
stability is maintained down to 4.2 K. Below this temperature (down to
1.2 K), temperature stabilization becomes less straightforward, requiring a
careful adjustment of the He flow. The He consumption is typically 0.2−0.3
liters per hour for measurements in the 10 K range, which is comparable to
that of bath cryostats. At lower temperatures, the He consumption increases
significantly, up to several liters per hour as one approaches 1.2 K.
The detector housing (Fig. 2.15), mounted on top of the cryostat, contains
three channel electron multiplier detectors (Dr. Sjuts Optotechnik GmbH
- model KBL15RS). These detectors provide a detection efficiency of
approximately 80% for the endpoint energy of 6.4 keV for 57Fe conversion
electrons, and an efficiency more than an order of magnitude smaller for
X-rays with a similar energy. The maximal gain is obtained at an operation
voltage above 2 kV, which in turn requires a pressure not higher than
10−4 mbar. The use of three channel electron multiplier detectors (or
channeltrons), instead of one as in most other setups [117, 118, 127], has
the advantage of covering a much wider solid angle [128]. The radioactive
source (e.g. 57Co or 119mSn) is mounted on a home made Mössbauer drive
located outside of the detector housing (Fig. 2.15 b), ensuring that no
cooling of the source must be taken into account in the analysis of the
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Mössbauer spectra. A mylar window separates the source from the detector
housing. Each detector has its own set of electronics: preamplifier (Canberra
- model 2004), amplifier and single channel analyzer, from which electronic
signals are combined in a fast OR gate with the ones from the Mössbauer
drive, towards a computer.
Performance
In this section, we describe the performance optimization based on
measurements of a sample consisting of a thin film of enriched 57Fe (> 95
%-enrichment), with a thickness of 20 nm, deposited on a silicon substrate.
First, we address the collimation of the incident gamma rays on the sample
[118]. A collimator is located on top of the mylar window ( = 6 mm),
consisting of a 4 mm lead layer with a 5 mm diameter hole. This collimator
prevents photons originating from the radioactive source reaching the detector
(from the top), improving the signal-to-background ratio S/N by a factor of
5 (with the optimized collimator dimensions mentioned above).
Next, we compare the detection efficiency of the present setup (with the
collimator), at room temperature, to the parallel plate avalanche detectors
(PPAD) [116]. The CEMS spectra were fitted with the least squares
procedure of the VINDA code using a Lorentzian line shape [129]. One can
define a quality factor Q for the measurements as
Q=
(
S/N
)2
A ·g ·Tm ,
where S/N is the signal to noise ratio, A the source strength (39 mCi for
this setup and 3.8 mCi for the measurements with the PPAD detectors) and
Tm the measurement time. The geometric factor g takes into account the
fraction of γ−rays that reach the sample, and is related to the solid angle
from the sample
g=
sample area
4pid2
,
where d is the distance between the source and the sample (34 mm in
this setup and 12 mm for the PPADs). Essentially, Q is a measure of how
strongly the signal to noise ratio S/N increases with measurement time Tm.
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Figure 2.16: CEMS spectra measured at temperatures at 4.2, 50, 100, 150,
200, 250 and 300 K (solid symbols) with respective measurement times of
15, 11, 10, 11, 23, 23 and 10 minutes. The spectra were measured with an
8.6 mCi source. The sample consists of a thin film of α−57Fe (thickness
of 20 nm) deposited on a Si(001) substrate. The fit (gray solid line) and
the position of the sextet peaks at room temperature (gray dotted lines) are
also shown. The fitted line widths are Γ1 = 0.31 mm/s, Γ2 = 0.28 mm/s
and Γ3 = 0.22 mm/s. The spectra resulted in a measured effect, based on
the number of counts in peak 1, for an increasing temperature equal to
respectively 20, 37, 39, 31, 16, 15 and 14%.
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The quality factor Q is 57.8 (mCi s)−1 for the setup with a PPAD detector
(with a measurement time of 100 min) and 37.5 (mCi s)−1 for the present
setup with three channeltrons. This difference can be partially explained by
the larger solid angle covered by the PPAD (∼ 50 %). Another likely source
of decrease in Q are photoelectrons and secondary electrons that reach the
channeltrons but do not originate from the sample (e.g. due to radiation on
the mylar window and on the exterior of the detectors).
Figure 2.16 shows examples of CEMS spectra at different temperatures, from
4.2 K to 300 K. The thermal contact between the Cu sample holder and
the top surface of the sample was established using a aluminum ring. We
did not observe any effect of temperature on the measurement performance.
In fact, the signal-to-noise ratio increases with decreasing temperature, as
expected from the increase in recoil-less factor. The spectra in Fig.2.16
(α−Fe thin film) were used to validate the temperature calibration. The
center of the magnetic sextet follows the second order Doppler shift (Debye
approximation) with the characteristic temperature dependence of the isomer
shift of α−Fe (Fig. 2.17). Although having a lower detection efficiency
compared to a PPAD detector (∼ 65%), this setup shows remarkably stable
performance at low temperature. Moreover, after the burn-in phase of the
channeltrons, no degradation was observed despite continuous use of the
setup for more than one year, including measurement times exceeding one
week at low temperature and several cooling and heating cycles.
The setup is also suitable for measurements in an applied magnetic field
where the sample is placed on top of a permanent magnet. Depending
on the sample thickness and dimensions of the magnet different external
magnetic field strengths are obtained. For example, using a neodymium disk
magnet, an out-of-plane external magnetic field of the order of 0.4 T can be
applied on the top surface of a sample with a thickness of the order of 0.5
mm. We note, however, that in such cases, the CEMS detection efficiency is
reduced by up to 90%, which is interpreted as being due to the magnetic field
affecting the channeltrons and reducing their efficiency. Alternatively, we
performed a test measurement using a quadrupole magnet (a combination
of a ring and disk magnet of opposite magnetization directions), with the
same magnetic field strength at the sample surface, the reduction of the
detection efficiency is only ∼ 50%. Although this experimental setup was
mainly designed for CEMS, it can also be used for emission Mössbauer
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Figure 2.17: Isomer shift (δ ) as a function of measuring temperature,
obtained from the analysis of the spectra in Fig. 2.16 (solid symbols). The
data were fitted, using the VINDA code [129], assuming a second order
Doppler shift, with a Debye temperature of θD = 470 K (gray solid line).
spectroscopy, i.e. when the sample itself incorporates a suitable radioactive
isotope. For that purpose, the detector housing is replaced by a closing lid
which is directly mounted on top of the cryostat. The radiation originating
from the sample is transmitted through an aluminized mylar window in the
closing lid towards a detector (e.g. a resonant detector, or a single line
absorber combined with a proportional counter) which is mounted on a
Mössbauer drive.
Conclusion
We designed and implemented a conversion electron Mössbauer spectroscopy
(CEMS) setup operating in a wide temperature range (4.2 - 500 K).
Comparing the detection quality factors to those of a parallel plate avalanche
detector, we estimate a detection efficiency of approximately 65%. The setup
is ideally suited for applications in thin-film science and studies of surface
layers (typical escape depths of hundreds of nm for conversion electrons with
energies of a few keV). Exchangeable adaptations (lid and sample holder)
extend the applicability of the setup to emission Mössbauer spectroscopy as
well as to measurements under an applied magnetic field.
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Chapter 3
Ion-beam synthesis of γ−Fe
nanoparticles embedded in
Sr(Ti,Fe)O3
This chapter, composed of articles II and III, deals with the formation of
metastable γ−Fe nanoparticles embedded in Sr(Ti,Fe)O3. The mechanism
of formation of the embedded γ−Fe nanoparticles is described in Section 3.1.
Section 3.2 focuses on the Sr(Ti,Fe)O3 host lattice, namely the lattice sites
and local atomic structure of the Fe atoms in the non-precipitated phase.
In previous research, the stabilization of γ−Fe nanoparticles has been
established in Cu-containing matrices (see Section 1.2) due to a good
lattice matching (both in crystallographic structure and lattice constant).
In this thesis, the research on compatible matrices is extended to oxide
materials, namely SrTiO3. It is important to note that this perovskite has a
cubic lattice structure with an even larger lattice constant a of 3.905 Å. This
allows for a detailed lattice constants identification of the γ−Fe nanoparticles
separately from the matrix, since this provides sufficient separation between
the X-ray diffraction peaks of γ−Fe and host matrix (see Chapter 4).
In this chapter, the ion-beam synthesis of γ−Fe nanoparticles embedded
in Sr(Ti,Fe)O3 creates two iron containing components: embedded γ−Fe
nanoparticles and non-precipitated iron, i.e. dilute iron. The coexistence
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of iron in γ−Fe nanoparticles and in the Sr(Ti,Fe)O3 matrix is discussed in
Chapter 6 in the context of artificial multiferroics.
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3.1 ARTICLE II: Ion beam synthesis of metastable
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Abstract
The stabilization of γ−Fe nanoparticles embedded in a non-metallic matrix,
SrTiO3, is successfully performed using ion beam synthesis, consisting of
ion implantation combined with thermal annealing. When the implanted
fluence exceeds 1×1016 Fe at/cm2, the crystallinity of the implanted layer
deteriorates, which only recovers after annealing in vacuum (∼ 10−5 mbar)
above 300◦C. After a thermal annealing at 900◦C superparamagnetic γ−Fe
nanoparticles with a size of ∼ 5 nm are present. The growth process
and size related parameters, i.e. annealing temperature and fluence, are
investigated with both structural techniques (Rutherford backscattering and
channeling spectrometry, synchrotron X-ray diffraction, emission channeling
and transmission electron microscopy) and magnetic techniques (SQUID
and conversion electron Mössbauer spectroscopy). In general, the study of
magnetic nanoparticles in oxides broadens the horizon to search for new
opportunities in e.g. spintronic applications.
(In preparation, to be submitted to J. Phys. D.).
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Introduction
In recent years there has been a growing interest in metallic nanoparticles
embedded in oxides, in particular metallic particles in ferroelectric materials,
due to a wide range of applications in the field of novel data storage and
spintronics in general [130]. The exploration of these composite multiferroics
brought insight in their advantageous properties, e.g. a stronger coupling
between the magnetic and ferroelectric components compared to single phase
compounds [131,132]. Here, we use ion beam synthesis for the formation
of magnetic metallic γ−Fe nanoparticles embedded in an oxide matrix, i.e.
strontium titanate (SrTiO3).
Among other non-magnetic oxide host materials, SrTiO3 is a host substrate
with attractive characteristics. It is a diamagnetic wide band gap
semiconductor (3.25 eV) with a high refractive index and high thermal and
chemical stability, making this material suitable for different microelectronic
applications, especially in combination with embedded metallic nanoparticles
[133,134].
Bulk metallic iron has a varying crystallographic structure depending on the
environmental temperature and pressure, e.g. γ−Fe is a high temperature
and high pressure phase [33]. However, this face-centered (fcc) structure
has also been stabilized at room temperature in thin films on a suitable
substrate [46,49,55,56] and as nanoparticles in a compatible matrix. The
properties of these low-dimensional structures may differ from the bulk ones.
For example, ab initio calculations showed that different magnetic states,
i.e. ferromagnetic versus antiferromagnetic, are obtained depending on
specific structural differences [74–76,78,135]. So far, γ−Fe nanoparticles
have successfully been synthesized with different growth techniques, i.e.
from CuFe solid solution [63–65], using molecular beam epitaxy [66,67] or
plasma-enhanced chemical vapor deposition [68]. These procedures prepare
γ−Fe nanoparticles embedded in a metallic copper based matrix, mainly
chosen because of the good lattice matching between nanoparticle and
matrix, both in structure and in lattice parameter. Ref. [136] reports on the
possibility to stabilize iron nanoparticles embedded in an MgO crystal, an
oxide based matrix, using ion implantation. However, an implanted fluence
up to more than an order of magnitude higher than used in this reference
also promotes the formation of the bcc (α−)Fe phase. Here, we use ion
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beam synthesis to only stabilize metastable γ−Fe in SrTiO3, a non-metallic
matrix, at room temperature.
Ion implantation is a non-equilibrium method. This allows for introducing
a concentration of atoms above the solubility limit. Different implantation
parameters (fluence [137–139], annealing conditions [140,141], implantation
temperatures [142], ... ) determine to what extent precipitation is promoted,
hence also the size of the particles. Consequently, other (functional)
properties can be tuned as well [143], e.g. absorption properties [144]
and blocking temperature of the nanoparticles [145]. Therefore, ion beam
synthesis is used to investigate the synthesis of γ−Fe nanoparticles embedded
in SrTiO3.
Experimental methods
Commercially available 10x10x0.5 mm3 (001) oriented SrTiO3 single crystals
(Crystal GmbH) were implanted with 60 keV Fe+ ions at room temperature
at an angle of 10◦ from the normal direction to minimize ion channeling.
For 56Fe+ and 57Fe+ implantations, the latter isotope used for Mössbauer
spectroscopy measurements, a current density of respectively 0.38 µA/cm2
and 0.08 µA/cm2 is used, at the high current implanter series 1090 of
Danfysik installed at the Instituut voor Kern- en Stralingsfysica, Leuven
(Belgium). Thermal annealing was performed in vacuum (∼ 1×10−5 mbar)
in a tube annealing furnace for 10 minutes. A fast annealing rate is achieved
by flushing a sample into a tube furnace, which is already at the desired
temperature. With this procedure, ramping rates of ∼1◦C/s and 3◦C/s are
achieved for annealing at 500◦C and 900◦C respectively.
The samples were structurally investigated using four different experimental
methods. Firstly, Rutherford backscattering and channeling spectrometry
(RBS/C) probes the recrystallization process after the implantation as a
function of annealing temperature. Here, a 1.57 MeV He+ beam was used
at the Instituut voor Kern- en Stralingsfysica, Leuven (Belgium). Once the
nanoparticles are present, they can be visualized using transmission electron
microscopy (TEM), performed at the Electron Microscopy for Materials
Science (EMAT) in Antwerp (Belgium) and at the Department of Electronic
Material Engineering in Australia. Samples were prepared using focused ion
beam (FIB) milling and using ion milling. High angle annular dark field
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scanning transmission electron microscopy (HAADF STEM) and energy
dispersive X-ray (EDX STEM) spectroscopy experiments were performed
using a FEI Titan 80-300 “cubed” microscope equipped with a Super-X
detector and operated at 200 kV. The results were recorded using probes
with convergence semi-angles in the 21 - 25 mrad range (with a probe
size of about 1 Å). The probe current ranged between 100 and 200 pA.
High resolution transmission electron microscopy (HR-TEM) was performed
using either a FEI Tecnai G2 or a Jeol 2100F microscopes, both operated
at 200 kV. The different structural phases are identified using synchrotron
X-ray diffraction (SR-XRD). These measurements were performed at the
Rossendorf (Helmholtz Zentrum Dresden-Rossendorf) BM20 beamline (at
room temperature with a wavelength of 1.078 Å) and at the French CRG
beamline BM02-D2AM (at room temperature with a wavelength of 1.1808
Å), both at the European Synchrotron Radiation Facility (ESRF). The
last structural technique, emission channeling (EC), is a lattice location
technique relying on the channeling of charged particles, which provides direct
information on the lattice site location of implanted radioactive ions. For
emission channeling, the samples were first implanted with stable 56Fe and
subsequently re-implanted to a fluence of 1×1013 at/cm2 with radioactive
59Mn (t1/2 = 4.6 s) which decays to 59Fe. The radioactive implantation
was carried out at the on-line isotope separator facility ISOLDE at CERN
(Switzerland).
The magnetic characterization was performed using a superconducting
quantum interference device (SQUID) magnetometer (LOT-QuantumDesign
SQUID-VSM MPMS3), following strict procedures in order to avoid
measurement artefacts and external magnetic contributions (Ref. [90]).
The magnetization is expressed as magnetic moment per Fe atom in Bohr
magneton (µB), after subtraction of the diamagnetic component of the
SrTiO3 substrate, and normalized to all implanted Fe. Finally, conversion
electron Mössbauer spectra were measured at different temperatures using a
57Co source. At room temperature, a parallel plate avalanche detector
(PPAD) was utilized [116]. This detector used acetone gas under 25
mbar as counting gas. At low temperature, the sample was mounted
on a commercially available cryostat from Oxford instruments (MICROHR2,
microstat HiRes microscope cryostat). The isomer shift values (δ ) and
associated velocity scale were calibrated relative to a room temperature
spectrum for a α-57Fe thin film deposited on Si and measured when no
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external magnetic field was present. The Mössbauer spectra were analyzed
using the Vinda code [129].
Results and discussion
The ion beam synthesis of nanoparticles starts with the ion implantation.
The RBS/C spectra in Fig. 3.1(a) compare a measurement of a random
orientation of SrTiO3 to an aligned [001]-orientation for different implanted
fluences. This provides information about the amorphization threshold
and defect depth profile. The He yield at highest energies of the aligned
measurement completely overlaps with the random one from a fluence equal
to 1× 1016 56Fe at/cm2. In these samples there is no crystallinity in the
implanted layer anymore and the amorphization threshold is reached (in
agreement with literature on even higher Fe fluences in SrTiO3 in Ref. [137]).
For higher mass implantations, e.g. lead (Pb) in SrTiO3, this amorphization
threshold is lower (1×1015 Pb at/cm2) due to the confinement of defects in
smaller volumes compared to lower masses, which results in a higher defect
density [146]. Moreover, this overlapping region extends to lower energies
when the implanted fluence increases. This is caused by a deeper defect layer
upon implantation, since a higher fluence induces an increasing dechanneling
fraction due to a higher amount of displaced host atoms when more ions
are introduced into the SrTiO3 sample.
Thermal annealing treatment
After the implantation, thermal annealing treatments are used to recrystallize
the amorphous layer. This is also monitored with RBS/C in Fig. 3.1(b). An
annealing for 10 minutes at 300◦C is not sufficient to anneal implantation
induced defects. After 500◦C the recrystallization process clearly starts,
visible from the difference in the high energy region in Fig. 3.1(b). The
SR-XRD ω/2θ−scans in Fig. 3.2(a) compare the [002] peak of SrTiO3 after
the implantation of a fluence of 1×1016 56Fe at/cm2 and after annealing at
500◦C. The width of this peak decreases due to the recrystallization of the
implanted layer. After annealing at 900◦C, an extra peak is present in the
SR-XRD measurement (Fig. 3.2(a)), resulting from the iron nanoparticles.
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Figure 3.1: (a) Rutherford backscattering and channeling (RBS/C) spectra
of an 56Fe implanted SrTiO3 sample, for different 56Fe fluences. (b) Random
and aligned RBS/C spectra (1×1016 57Fe at/cm2) after the implantation
and subsequent annealing in vacuum for 10 minutes at 300◦C and 500◦.
Energy for scattering from oxygen (O), titanium (Ti), iron (Fe) and strontium
(Sr) at the surface are also indicated.
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Figure 3.2: Synchrotron radiation X-ray diffraction (SR-XRD) measured
on 56Fe implanted SrTiO3 samples. (a) Symmetric [001] ω/2θ−scans
(λ = 1.078 Å) near the SrTiO3 [002]-peak measured after the implantation
with a fluence equal to 1×1016 56Fe at/cm2 and after subsequent annealing
at 500◦C and 900◦C. (b,c) Asymmetric [202] and [111] ω/2θ−scans (λ =
1.1808 Å) after the 900◦C annealing step for 1× 1016 56Fe at/cm2. (d)
Symmetric [001] ω/2θ−scans (λ = 1.078 Å) for different fluences of 5×1015,
1×1016 and 1.5×1016 56Fe at/cm2, all measured after annealing at 900◦C.
The position where the α−Fe [002] would appear (if present) is indicated
with an arrow.
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Figure 3.3: Transmission electron microscopy (TEM) images. (a) High-
resolution TEM showing clusters of atoms. (b) Energy dispersive X-ray (EDX)
maps for Fe in yellow. This highlights the presence of Fe nanoparticles (size
∼ 5 nm).
A twofold reason explains why thermal annealing is used in ion beam synthesis.
Firstly, to form crystalline nanoparticles with the desired structural and
magnetic properties a crystalline matrix is needed. Secondly, the growth
of these nanoparticles is influenced by the thermal treatments after the
implantation. The annealing procedure proposed here causes the implanted
iron to partially cluster and partially end up randomly distributed in the
matrix. Although we mainly focus here on the synthesis and growth of these
nanoparticles, the characteristics of iron both diluted and in precipitates is
discussed.
Identification of γ−iron phase
TEM and EDX maps show the presence of iron precipitates with a size
around 5 nm in Fig. 3.3. The detailed structural identification of these
Fe clusters makes use of asymmetric ω/2θ− scans along [202]- and [111]-
directions. The peaks in Fig. 3.2(b-c) match with the ones from crystalline
γ−Fe. It is important to note that no evidence of the α−Fe phase, the
stable structure of bulk iron at room temperature, is found in high resolution
XRD (Fig. 3.2(d)). The presence of this face-centered metallic iron phase
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Figure 3.4: Conversion electron Mössbauer spectroscopy (CEMS) measured
at 10 K in an out-of-plane magnetic field of 0.34 T after annealing at 300◦C
and 900◦C (fluence = 1× 1016 57Fe at/cm2). The fit includes two main
components: from γ−Fe nanoparticles and from non-precipitated Fe.
is also confirmed using Mössbauer spectroscopy. The Mössbauer spectra
in Fig. 3.4 are fitted with two main components for Fe in nanoparticles
and non-precipitated iron. The isomer shift of the singlet and sextet-like
components equal to −0.096(7) mm/s at room temperature (and 0.016(9)
mm/s at 10 K in Fig. 3.4). This agrees with previously reported isomer
shift values of γ−Fe [36,42,63,147] and differs from the α−Fe structure, i.e.
the Mössbauer calibration sample. The stability of this metastable phase
at room temperature is explained by the smaller lattice mismatch of bulk
γ−Fe (lattice constant a= 3.56 Å [32]) compared to α−Fe (a= 2.87 Å) in
the SrTiO3 (a= 3.905 Å) matrix.
Bulk γ−Fe is antiferromagnetic. The field-cooled and zero-field-cooled
magnetometry measurements in Fig. 3.5(a) of a 1×1016 at/cm2 sample after
the 900◦C annealing show a typical blocking behavior of superparamagnetic
particles with a blocking temperature of ∼ 11 K, associated to the peak
temperature in these magnetometry measurements. Moreover, Mössbauer
spectroscopy measurements at 10 K are able to link this ferromagnetic
response, measured in SQUID, to the γ−Fe structure (from the isomer shift
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Figure 3.5: Superconducting quantum interference device (SQUID)
magnetometry data of the magnetic moment per Fe atom in Bohr magnetons
(µB) after annealing at 500◦C, 700◦C and 900◦C (fluence = 1×1016 57Fe
at/cm2). (a) Field-cooled and zero-field-cooled measurements (in 50 Oe).
All measurements use an in-plane applied magnetic field along the [100]-
direction. (b) Magnetization curves measured at room temperature after
subtraction of the diamagnetic SrTiO3 component, which is determined by
a linear fit in the high-field region.
of the sextet like component in Fig. 3.4). Also theoretical calculations
[74–76,78,135] and other experimental investigations of γ−Fe nanoparticles
embedded in a metallic matrix [67] showed the existence of ferromagnetically
ordered γ−Fe thin films or nanoparticles.
Growth of γ−iron nanoparticles
The isomer shift in the Mössbauer spectrum measured in Fig. 3.4 suggests
that some γ−Fe nucleation zones are already present after annealing at 300◦C
(grey experimental data points), possibly in not fully amorphized regions
upon implantation. These rapidly relaxing superparamagnetic precipitates are
so small, it is not even possible to block them at a measurement temperature
of 10 K (only a very small sextet-like component is visible compared to
the measurement after the 900◦C annealing in Fig. 3.4). However, this
metastable phase may be stabilized in these small size regimes, since the γ
structure may be the most stable one compared to α−Fe in SrTiO3.
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Figure 3.6: Emission channeling results. (Top:) Experimental 59Fe patterns
near the [001]- and [101]-directions after an annealing at a temperature T
of 500◦C and 900◦C. (Bottom:) The fractions of Fe on the Ti lattice site
location. (See text for more information) The lines guide the eye.
The growth process of the γ−Fe nanoparticles as a function of annealing
temperature is studied with emission channeling (EC). The experimental
patterns in Fig. 3.6(top) show axial channeling, providing a qualitative
evidence for iron being present on a high symmetry lattice site location.
The fraction of implanted iron on a specific lattice position is obtained
by a least square fit with simulations (see Ref. [148] for more information
about the emission channeling technique) in Fig. 3.6(bottom). These
measurements distinguish Fe substituting Ti from a so called random fraction.
Literature confirms the substitution of dilute Fe on a Ti lattice site location
[149, 150]. This random fraction is mainly interpreted as 59Fe present in
γ−Fe nanoparticles. Dilute Fe not perfectly coherent with the Sr(Ti,Fe)O3
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Figure 3.7: Field-cooled (in 50 Oe) and zero-field-cooled SQUID data after
annealing at 900◦C for different fluences: 1×1015, 5×1015, 1×1016 and
1.2×1016 56Fe at/cm2.
layer will, at least partially, also contribute to this isotropic (and random)
emission. Overall, when the annealing temperature increases, the random
fraction, i.e. mainly the γ−Fe contribution, increases at the expense of the
dilute Fe substituting the Ti site (Fig. 3.6). The decreasing anisotropy in
the experimental patterns and the corresponding increase of Fe in γ−Fe
nanoparticles is interpreted as the clustering of dilute Fe.
The growth in size of the nanoparticles as a function of annealing temperature
is monitored with magnetometry measurements in Fig. 3.5. Not only
the blocking temperature increases (Fig. 3.5(a)), but also the magnetic
moment in µB per iron (Fig. 3.5(b)) enhances with increasing annealing
temperature. This suggests a dependence of the number of iron atoms inside
the nanoparticles on the annealing temperature. Moreover, this argument
can also be extended towards a fluence dependence. In Figure 3.7 the field-
cooled and zero-field cooled magnetometry measurements are compared
for different fluences, after annealing at 900◦C. The increasing blocking
temperature suggests a bigger particle size for a higher fluence. However,
the width of the γ−Fe peak in Fig. 3.2(d) broadens for an increasing fluence.
This suggests that a higher fluence doesn’t only result in bigger particles,
but also in a broader size distribution.
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Conclusions
Ion beam synthesis is successfully applied to stabilize γ−Fe nanoparticles
embedded in SrTiO3. In this process, thermal annealing is used for two
different reasons. (i) After the ion implantation, above a fluence of 1×1016
Fe at/cm2, the implantation induced defects are annealed to recrystallize
this amorphized implanted layer, which needs at least annealing temperature
above 300◦C in vacuum. (ii) During the thermal annealing procedure the
growth process is influenced. The amount of Fe inside the γ−Fe nanoparticles
increases due to the expense of dilute Fe. Note that not only the annealing
conditions, i.e. annealing temperature, but also the fluence, i.e. the amount
of implanted Fe ions, go hand in hand to determine both the size and
its distribution of the γ−Fe nanoparticles. These investigations give new
opportunities for future studies and possible applications of magnetic metallic
nanoparticles in non-metallic matrices, e.g. oxides.
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Abstract
Two radioactive techniques, emission Mössbauer spectroscopy and emission
channeling, in combination with ab initio calculations have been applied to
study the lattice site locations and valence states of dilute Fe in SrTiO3. The
experiments were performed in the ISOLDE facility at CERN (Switzerland),
where different isotopes 57Fe, 59Fe and 56Mn were implanted. We report
on a series of experiments, i.e. different annealing atmospheres (vacuum
versus O2-rich) and temperatures, mainly demonstrating the substitution
of titanium by Fe. Moreover, different Fe-oxygen vacancy complexes are
investigated. These defects, stable over a wide temperature range, are
formed depending on the charge state and the local environment, i.e. the
number of available oxygen vacancies close by. These local techniques offer
quantitative information providing insight in the local structure (location
and environment) of dilute Fe in SrTiO3.
(In preparation).
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Introduction
Perovskite structures are very attractive materials for application in
microelectronics because of their high charge storage capacity, good
insulating properties and excellent optical transparency in the visible region
[151–153]. SrTiO3 is one of the new promising materials, i.e. as a component
in electronics, part of a heterostructure [154–156], or as a memory resistor
element [157]. Here, we study the local structure (location and environment)
of dilute Fe in SrTiO3. The study of dilute impurities is not only important
for the fundamental understanding of their local structure, but they may
also cause local defects, possibly leading to malfunctioning in devices.
Point defect studies brought insight into the role of impurities in SrTiO3
on device failures [158, 159], causing e.g. changes in ionic conductivity
characteristics [160]. The presence of different transition metal related
defects in SrTiO3 depends on different factors, e.g. temperature [161,162]
and oxygen pressure [163,164]. Therefore, Fe or Mn based defects in SrTiO3
are widely studied using electron paramagnetic resonance EPR, which brought
insight into the dependence of the symmetry of the environment on the
charge state of the impurities [165, 166]. For example, Fe3+ or Mn3+ based
defects reside in a strong tetragonal electric crystalline field, associated with
a nearest-neighbor oxygen vacancy VO [165, 167–169]. The presence of this
non cubic environment even causes the trivalent ion to move by a distance
of 0.2 Å [170]. However, EPR is not sensitive to Fe4+ [171]. Therefore,
other techniques are required to probe valence state information in general.
Despite the interest of determining charge states of Fe in SrTiO3 using
conventional Mössbauer spectroscopy, limited literature is available on this
subject [150,172].
Here, we use a different approach, combining ab initio calculations and two
techniques: emission channeling (EC) and emission Mössbauer spectroscopy
(eMS). This allows not only for the identification of the site location, valence
state and environment of dilute dopants in SrTiO3, but gives also quantitative
information. Moreover, these radioactive techniques offer the possibility
to study low implantation fluences, avoiding that precipitates impede the
investigations of dilute impurities [173].
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Table 3.1: Implantation and annealing parameters from the samples described
in this text.
# Technique Isotope Energy Fluence Annealing(keV) (at./cm2) atmosphere
(1) eMS 57Mn→57mFe 50 < 2×1012 vacuum
(2) EC 59Mn→59Fe 60 1.1×1012 vacuum
(3) EC 59Mn→59Fe 50 6.6×1012 vacuum
(4) EC 59Mn→59Fe 50 8.6×1012 O2
(5) EC 56Mn 40 8.5×1012 vacuum
Experimental techniques
The samples were commercial SrTiO3 single crystal substrates (Crystal
GmbH), [001] oriented. They were implanted with radioactive isotopes
at the radioactive ion beam facility ISOLDE at CERN [84, 85]. Beams
of radioactive Mn isotopes were produced using 1.4 GeV proton induced
fission in UCx targets, elemental selective ionizations [86] and acceleration
to 40-60 keV. Implantation related parameters are summarized in Table 3.1.
All thermal treatments, emission channeling (EC) and emission Mössbauer
spectroscopy (eMS) measurements were performed in ISOLDE.
56Mn (t1/2= 2.58 h) was implanted at room temperature and measured online
to study the lattice site location of Mn in SrTiO3. For the emission channeling
measurements, the samples in which we studied Fe, we first implanted the
parent isotopes 59Mn (t1/2 = 4.59 s). Afterwards, the channeling data were
collected oﬄine during the decay of 59Fe (t1/2 = 44.495 days) started several
days after the implantation. The β−-particles emitted upon decay were
detected in a position sensitive Si detector [88] around four different low-index
crystal directions ([100], [211], [110] and [111]). The electron emission yield
was measured at room temperature after every thermal annealing. Finally,
the experimental patterns were quantitatively analyzed based on a least
square fit with simulated angle dependent electron yield patterns from several
lattice sites based on the MANYBEAM formalism [87].
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For emission Mössbauer spectroscopy (eMS), 57Mn (t1/2 = 85.4 s) was
implanted into SrTiO3 single crystals. During implantation, the samples
were either heated from the backside by a Halogen lamp or mounted on a
cold finger cooled by liquid nitrogen flow. The implantation was performed
at 30◦ relative to the sample normal. eMS spectra on the daughter 57MFe
(t1/2 = 98 ns) were recorded at 60◦ relative to the sample normal using
resonance detector equipped with 57Fe enriched stainless steel electrodes.
Velocities and isomer-shifts are given relative to the spectrum of α-Fe at
room temperature. The total received fluence for eMS measurements was
below 2×1012 atoms/cm2 corresponding to a maximum concentration of
0.1 at.%..
The emission Mössbauer spectroscopy measurements were accompanied with
density functional theory (DFT) calculations within the Wien2K package
[174]. Here, we used the generalized gradient approximation (GGA) [175].
The hyperfine parameters of an Fe probe in SrTiO3 were calculated using
1× 2× 3 and 2× 2× 2 supercells based on the cubic perovskite crystal
structure (with the Pm3m space group) and a lattice parameter of 3.905 Å
at room temperature. Atomic coordinates were obtained by relaxation and
optimization of the geometry in order to minimize the total energy. The
non-overlapping muffin-tin spheres radii Rmt were chosen as 2.5,1.94,1.99
and 1.71 a.u. for Sr, Ti, Fe and O respectively. In addition, the energy
value of −6 Ry was set as the boundary separating the core electron states
and the valence electron states. The cut-off parameter RMTKMAX , which
controls the size of the basis set, is set to 8.0. Meshes of (6×3×2) and
(4×4×4) k-points in the irreducible part of the first Brillouin zone were
applied to the self-consistent total energy calculation of the 1×2×3 and
2×2×2 supercells respectively.
Results
Emission channeling
The Fe and Mn lattice sites of highest symmetry, taken into consideration,
in SrTiO3 are illustrated in Fig. 3.8. Apart from the substiutional strontium
(Sr), titanium (Ti) and oxygen (O) lattice site, an interstitial position (iO) is
also indicated. A summary of the results on the atomic position of dilute Fe
ARTICLE III: LOCAL STRUCTURE STUDY OF DILUTE IMPLANTED FE IN SRTIO3 65
Figure 3.8: (110)−plane in SrTiO3 lattice, showing the Sr, O and Ti atom
positions (substitutional lattice sites) and a high-symmetry interstitial lattice
site, iO, in an octahedral environment. Other measured directions ([100],
[211] and [111]) are also indicated.
in SrTiO3 is given in Figure 3.9 for sample (4) (see Table 3.1). The best fit
(Fig. 3.9.1-3b) of the two dimensional experimental patterns (Fig. 3.9.1-3a)
is a superposition of three simulations: the ideal substitutional Ti site (FeTi,
Fig.3.9.3d), displaced Ti site (disp.FeTi, Fig. 3.9.1-3f) and an interstitial
location (Fei,O, Fig. 3.9.1-2d). After the implantation (Fig. 3.91), the best
fit is mainly reconstructed from Fe on an interstitial location in between
two nearest neighbor Sr sites with an octahedral environment. After an
annealing in an O2 environment at 450 ◦C Fe is not present anymore on
this interstitial site. This is visualized in Figure 3.9, where the anisotropy in
the difference between the experimental data with the simulations of FeTi
and disp.FeTi is clearly decreased after an annealing at 450 ◦C (comparison
between Fig. 3.9.1d and Fig. 3.9.2d). At the end of this annealing treatment
(at 900◦C), dilute Fe mainly substitutes the ideal Ti site (Fig. 3.9.3c-d).
Apart from these ideal lattice sites both Mn and Fe also occupy a displaced
substitutional Ti site (Fig. 3.9.1-3e-f). A consistent fit with the lowest
χ2 is obtained using an isotropic displacement of 0.22(6) or 0.3(9) Å from
the ideal substitutional Ti site for Fe or Mn respectively. This isotropic
displacement is a superposition of displacements towards e.g. the oxygen
site and interstitial octahedral site.
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Figure 3.10: Dependence of the different site fractions of the emission
channeling analysis on annealing temperature for the 59Fe ((2), (3) and
(4)) and 56Mn (5) implanted SrTiO3 samples, see Table 3.1, obtained from
emission channeling. The ideal substitutional Ti fraction is marked in green,
the displaced Ti fraction in purple, the interstitial octahedral site in orange,
the sum of these fractions in black and the random fraction has grey color.
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The fraction dependence of the detected lattice sites on the annealing
temperature and atmosphere is summarized in Fig. 3.10. Independently
on the probe, fluence, and annealing atmosphere the interstitial octahedral
site (Fig. 3.10, orange) is present upon implantation. The fraction of Fe or
Mn on this site decreases below the detection limit of emission channeling
after an annealing at 250◦C. In general, the decrease is accompanied by an
increasing random fraction (100%−fi,O−fSTi−fdisp STi), which is less present
in a sample with a lower fluence (sample ii in Table 3.1) and comes from
sites originated from emitters located on positions with low crystal symmetry
or from damaged and amorphous surrounding. As shown in Fig. 3.9,
the increasing annealing temperature (in an O2 environment) decreases
the fraction of Fe on a displaced Ti site (Fig. 3.10.(c), purple), which is
compensated by an increase of Fe on an ideal substitutional Ti position (Fig.
3.10.(c), green). During vacuum annealing (Fig. 3.10.(a),(b),(c)) both Ti
substituted fractions remain more constant.
Emission Mössbauer Spectroscopy
While the lattice site locations of dilute Fe in SrTiO3 are determined using
EC, the charge states and their influence on its local environment are studied
using eMS. The eMS spectra obtained are shown in Figure 3.11 together
with fitting components used. In total, five components were needed to
describe the spectra. Throughout the whole temperature range, a clear
doublet, labeled DB1, dominates the central part of the spectra. At -172◦C,
there is a clear bump around -2 mm/s indicating the presence of a spectral
component there. However, an isomer-shift of ∼2 mm/s is unphysical
compared to typical isomer shift values for Fe [97], so this line is most
probably due to the left hand leg of a quadrupole split component. The
right hand side of this doublet must be the narrow feature at ∼0 mm/s
suggesting the asymmetric line broadening of this component, labeled FeD.
Both features lower in intensity and the -2 mm/s feature disappears around
room-temperature, suggesting this Fe anneals out near this temperature.
Already at low temperatures, the presence of a magnetic hyperfine field split
component (labeled Fe(III)) is evident on the wings of the spectra, extending
to ±8 mm/s. This readily defines this component as due to high-spin Fe3+,
which was analyzed in terms of the EmpBT model [176, 177]. After the
disappearance of the ∼-2 mm/s feature (left hand leg of FeD), there is
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Figure 3.11: 57Fe emission Mössbauer spectra (dots) obtained at the different
measurement temperatures, ranging from -172◦C to 405◦C. The different fit
components are indicated: FeD (orange), SL (blue), Fe(III) (purple) and two
doublet components (red, DB1, and green, DB2). The total fit is shown in
black.
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Figure 3.12: The relative areas (%) of the five components from the
emission Mössbauer analysis at different measurement temperatures. The
corresponding fitting parameters are tabulated in Table 3.2.
a clear increase in the ∼0 mm/s feature at a temperature above 27◦C.
This suggests the presence of a single line (labeled SL) as no other feature
increases in intensity simultaneously. Above 300◦C, both the decrease of
the intensity of this feature and the asymmetry of the central region in
the spectra indicates the presence of a component (DB2) underneath the
left hand leg of DB1. In the final analysis, all components were given a
temperature independent line-width. The position of FeD, DB2, Fe(III)
and SL was set to follow the second order Doppler shift with temperature,
and the quadrupole splitting of FeD and DB2 was set to follow a smooth
decreasing function with temperature. The hyperfine parameters obtained
are gathered in Table 3.2.
Ab initio calculations
Both the emission channeling results for the local atomic position information
and the emission Mössbauer spectroscopy measurements to study the
local environment are used to define various starting configurations for the
theoretical ab initio calculations. In these calculations, Fe on substitutional
Ti sites with different number (0−2) of oxygen vacancies (VO) on different
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Table 3.2: Summary of fitting parameters of emission Mössbauer
spectroscopy results at room temperature (sample (1) of Table 3.1 for
the implantation related parameters): isomer shift δ , quadrupole splitting
∆EQ, Gaussian width σ .
Component δ ∆EQ σ(mm/s) (mm/s) (mm/s)
FeD 0.88(4) 2.1(2) 0.57(3) & 0.29(3)
SL -0.01(2) 0 0.30(2)
DB1 0.243(8) 1.91(2) 0.147(6)
DB2 0.79(9) 1.1(2) 0.43(4)
Fe(III) 0.25(1) Average Bh f = 29(7) T
Table 3.3: Summary of ab initio calculations: hyperfine parameters for the
different components from the eMS results (Fig. 3.11), which uses EC
results as structural input (State column). The last column makes a link
with the eMS results.
State Supercell Spin δ ∆EQ Component(mm/s) (mm/s)
Fei,O 1×2×3 high 0.8 1.9 FeD
Fe4+STi 2×2×2 high -0.06 0 SL
VO−Fe2+Ti −VO 1×2×3 low 0.25 1.46 DB1
Fe2+Ti −2VO 1×2×3 high 0.73 1.2 DB2
positions around the Fe atom have been considered. The outcome is
recapitulated in Table 3.3.
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Discussion
Damage related interstitial
The octahedral interstitial position, obtained from EC results, is used as an
input configuration for the theoretical ab initio calculations of the hyperfine
parameters (Table 3.2.(1)), which is consistent with the damage component
FeD in the eMS spectra (Table 3.3.(1)). The existence of a nonzero
quadrupole splitting confirms the presence of a non-cubic environment around
the Fe on this interstitial site. The measured and calculated isomer shift is
consistent with high-spin Fe2+. These Fe dopants appear in disorderd or
damaged regions, which justifies the very broad asymmetric line shape. Both
the disappearance of this component at relatively low annealing temperatures
and this asymmetric line shape due to the contribution of a distribution of
different configurations have been observed in similar experiments in other
oxides [178,179], strengthening this conclusion of an implantation damage
related interstitial.
(Fe,Ti)-substitution in SrTiO3
Emission channeling results show the occupation of Fe on a (displaced)
substitutional titanium site. Also the ab initio simulations predict the
substitution of tetravalent ions at the Ti position, as no charge compensation
is needed [149]. The isomer shift of the SL eMS component (Table 3.2)
is confirmed by the high spin Fe4+, reported by Multani et al. [150] in the
samples of lowest concentration (using Multani’s data and correcting for the
isomer-shift scale using data from Ref. [180]). A quadrupole splitting equal
to zero confirms the ideal cubic environment, leaving the Fe4+ component
on an ideal substitutional Ti site. For both divalent and trivalent ions, the
Sr or Ti cations substitution depends on the ionic radius of the dopant [149].
The small ionic radius of Fe2+ favors the substitution of titanium, which is
compensated by an oxygen vacancy (VO) to maintain electroneutrality [181].
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Formation of (Fe-VO) complexes
Oxygen vacancies are easily created in SrTiO3 during the implantation and
subsequent (vacuum) annealing [182, 183]. Moreover, oxygen vacancies
are also mobile due to the low activation enthalpy of vacancy migration
∆H = 0.62 eV in SrTiO3 [181]. This results in the possibility to create
Fe-oxygen-vacancy complexes. The nonzero quadrupole splitting of the
DB1 component suggests a non-cubic environment, caused by surrounding
oxygen vacancies. The similarities of the calculated and experimentally
obtained hyperfine parameters link the VO-Fe2+-VO configuration to the
DB1 component on the ideal Ti substitutional site. The decreasing fraction
of the eMS SL (Fe4+) (Fig. 3.12) is compensated by the increasing DB1
component, which confirms a constant EC ideal substitutional Ti fraction as
a function of annealing temperature (Fig. 3.10).
The eMS Fe(III) component is linked to high-spin Fe3+. After the
implantation, as the temperature is increased, the intensity of this component
increases, and it shows considerable broadening (Fig. 3.12). This suggests
paramagnetic high spin Fe3+ with a paramagnetic relaxation rate comparable
to the lifetime of the Mössbauer state (100 ns) [176, 177]. The ionic
radius of Fe3+ (0.64 Å) is very similar to the one of Ti4+ (0.68 Å), but
no electroneutrality is obtained when Fe3+ substitutes the Ti sites. On
the other hand, no charge compensation is needed when an (Fe2+-VO)-
complex is formed. There are different Fe-oxygen-vacancy configurations
well documented in literature. As an example, (Fe3+-VO) configurations have
been confirmed both by theory [170] and EPR experiments [165–169]. Siegel
et al. in Ref [170] suggests that the transition-metal ion moves by a distance
of 0.2 Å towards the oxygen vacancy VO in this complex. Moreover, ab initio
calculations highlight a strong dependence of the energy levels in Fe-doped
SrTiO3 on the asymmetric displacement mode of the six nearest O ions which
is a combination of the Jahn-Teller and breathing modes [184]. Therefore,
EC data use a model with an isotropic displacement of 0.22(6) Å. This
non-unidirectional displacement can be interpreted as the combination of the
shift of Fe towards a substitutional oxygen and an octahedral interstitial site
in the Fe3+-VO and Fe2+-2VO configurations respectively. The calculated
hyperfine parameters in Table 3.3 link these configurations to the eMS
Fe(III) and DB2 components. These (Fe-VO) complexes are present upon
implantation (Fig. 3.10 and Fig. 3.12), but they are broken at low annealing
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Figure 3.13: Summarizing model: representation of the different state
configurations within the SrTiO3 unit cell, used for the theoretical ab initio
calculations. On top the possible Fe lattice site locations and below the
five different eMS components are described . In black, the interpretation
between these two measurements is shown.
temperature. However, due to the presence of oxygen vacancies during
vacuum annealing and their mobility, these complexes can be reformed. This
is supported by the emission channeling experiment of sample (4) (Table
3.1), in which the displaced Ti fraction decreases upon annealing in an O2
environment (low presence of oxygen vacancies). Figure 3.13 summarizes
our interpretation of the theoretical calculations, EC and eMS data resulting
in a model of the lattice location of dilute Fe, and its local environment, in
SrTiO3. It is important to note that no evidence was found for Fe to occupy
the substitutional Sr site. Therefore, Fe does not behave in a amphoteric way,
i.e. it partially substitutes for Sr and Ti, which would complicate site-specific
doping attempts in this material.
Mn versus Fe implanted in SrTiO3
As shown before, emission channeling and emission Mössbauer spectroscopy
give complementary information. Both techniques unravel a different aspect.
eMS shows the ability to distinguish up to five different Fe components in
a temperature series. However, the decay of 57Mn, needed to measure the
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Mössbauer effect on the 57mFe isotope, has an average recoil energy of 40
eV. This may create single defects even when implantation related defects
are annealed out during the 85.4 s half life of 57Mn at elevated temperatures.
On the other hand, the 59Fe isotope is used to study the lattice site locations
of Fe using EC, coming from the decay of 59Mn with a recoil energy around
200 eV. Atomistic computer simulations and ab intio molecular dynamics
simulations of the average threshold displacement energies in SrTiO3 give
results in the range of [35.6− 50], [53.3− 70] and [64.8− 140] eV for O,
Sr and Ti respectively [182, 183]. The higher recoil energy, compared to
the threshold displacement energy, due to the decay of 59Mn ensures the
reimplantation of 59Fe during the EC experiments. Therefore, the lattice
site location of 59Fe is not influenced by the position of 59Mn. Since EC
benefits from the isotope selectivity, the lattice site locations of implanted
dilute Mn can be separately compared to these of Fe in SrTiO3. Both Mn
and Fe occupy similar lattice sites in SrTiO3 (Fig. 3.10(d)): an implantation
damage related octahedral interstitial in combination of (displaced) Ti site.
As mentioned before, there is a dependence of the lattice site location (Sr
versus Ti substitution) on the ionic radius of the dopant, which favors both
Mn and Fe to substitutes Ti [149]. More recent GGA+ U calculations with
spin polarization in SrTiO3 also agree with the prediction that both Mn2+ and
Mn4+ ions occupy the Ti-site via either oxygen vacancy compensation (Mn2+)
or no charge compensation (Mn4+) [185]. Consequently, the comparable EC
results for dilute 56Mn and 59Fe in SrTiO3 do not impede the interpretation
of the 57mFe eMS results, possibly caused by the low recoil energy from the
decay of the 57Mn precursor.
Conclusion
In conclusion, the combination of two radioactive techniques (emission
channeling and emission Mössbauer spectroscopy) and ab initio calculations
give insight in the local structure of dilute implanted Fe in SrTiO3. Upon
implantation, an implantation damage related interstitial component is
present, corresponding to Fe on an octahedral interstitial position and linked
to high-spin Fe2+ in disordered or damaged regions. After a thermal annealing
at 900◦C, iron mainly resides on a (displaced) substitutional titanium site.
The ideal Ti substitution can be subdivided in two components. On the
one hand, when tetravalent iron with an ideal cubic environment occupies
76 ION-BEAM SYNTHESIS OF γ−FE NANOPARTICLES EMBEDDED IN SR(TI,FE)O3
an ideal Ti site, no charge compensation is needed. On the other hand,
complexes with oxygen vacancies VO are also present. These defects, stable
over a wide temperature range up to 900◦C, are formed depending on the
charge state and the local environment, i.e. the number of available oxygen
vacancies close by. In the VO-Fe2+-VO complex, iron still resides on the ideal
substitutional position. However, the lattice site location of iron on the Fe3+-
VO and Fe2+-2VO complexes were fitted using an isotropic displacement
of 0.22(6) Å from the ideal substitutional Ti site. In these complexes, iron
may be displaced towards or in between oxygen vacancies, in agreement to
previously reported literature. Moreover, the lattice site location of dilute
Mn in SrTiO3 is also studied using EC, showing that the low recoil energy
from the decay of the 57Mn isotope used in eMS does not impede the
interpretation of these data. This work provides a detailed characterization
and understanding for local iron-containing defects in SrTiO3-related oxides.
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3.3 γ−Fe nanoparticles: mechanism of formation
By means of ion-beam synthesis, γ−Fe nanoparticles embedded in
Sr(Ti,Fe)O3 are successfully stabilized. Figure 3.14 summarizes the formation
mechanism of embedded γ−Fe nanoparticles. First, the implanted layer
is amorphized during the ion implantation above a fluence of 1×1016 Fe
at/cm2 (step 1). Second, the implantation-induced defects are annealed
to recrystallize the implanted layer (step 2). After this step, the implanted
iron can be localized in two different components: iron in γ−Fe precipitates
on the one hand and dilute iron or non-precipitated iron on the other hand.
Non-precipitated iron mainly substitutes titanium. More specifically, dilute
iron resides on ideal Ti sites and in Fe-VO complexes, generating a small
displacement towards an oxygen vacancy VO. In the last step (step 3),
the increasing annealing temperature results in a decrease in dilute iron
fraction, causing the γ−Fe nanoparticles to grow. In general, the annealing
conditions, i.e. annealing temperature and atmosphere, but also fluence, i.e.
the amount of implanted Fe ions, determine the size and its distribution of
the embedded γ−Fe nanoparticles.
Figure 3.14: The mechanism of formation using ion-beam synthesis as
preparation to embed γ−Fe nanoparticles in Sr(Ti,Fe)O3.
In summary, three components are identified in the investigated system:
1. SrTiO3 substrate;
2. implanted and recrystallized Sr(Ti,Fe)O3 layer, containing non-
precipitated iron;
3. superparamagnetic γ−Fe nanoparticles.
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In the following chapter, the superparamagnetic γ−Fe nanoparticles
embedded in Sr(Ti,Fe)O3 are investigated in more detail in order to determine
the origin of the ferromagnetic ground state in γ−Fe.
Chapter 4
The origin of the
ferromagnetic state of γ−Fe
nanoparticles
While chapter 3 described the mechanism of formation of superparamagnetic
γ−Fe nanoparticles embedded in Sr(Ti,Fe)O3, this chapter consists of article
IV, dealing with a detailed investigation of the structure and magnetic
properties of the embedded γ−Fe nanoparticles. In particular, we establish
that the ferromagnetic ground state of γ−Fe is associated with the face-
centered tetragonal fct structure, not face-centered cubic (fcc).
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Abstract
γ-Fe and related alloys are model systems of the coupling between structure
and magnetism in solids. Since different electronic structures (with different
volumes and magnetic ordering states) are closely spaced in energy, small
perturbations can change which one is the ground state. Here, we
demonstrate that the ferromagnetic state of γ−Fe nanoparticles is associated
with the face-centered-tetragonal (fct) structure, not face-centered-cubic
(fcc) as generally accepted. Combining a wide range of complementary
experimental techniques, including low-temperature Mössbauer spectroscopy,
advanced transmission electron microscopy and synchrotron radiation
techniques, we unambiguously identify the fct ferromagnetic ground state,
with lattice parameters a= 3.76(2) Å and c= 3.50(2) Å, and a magnetic
moment of 2.45(5) µB per Fe atom. OOur findings indicate that the
ferromagnetic order in nanostructured γ−Fe is generally associated with a
tetragonal distortion. Not only does this observation motivate a theoretical
reassessment of the electronic structure of γ−Fe taking fct distortion into
account, but it also becomes a remarkable example of how illusive (seemingly
simple) materials can be when their dimensions are reduced to the nanoscale.
Key words: FCC iron, Nanoparticles, Strontium titanate, fct distortion
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Introduction
Metallic Fe in the face-centered-cubic (fcc) structure (γ-Fe) and related
alloys are model systems of the interplay between crystal structure, electronic
structure and magnetism [62, 65, 71, 186–191]. A well known example of
this interplay is the Invar effect (anomalous thermal expansion), which
originates from the thermally induced transition between different electronic
structures which are associated with different lattice volumes and different
magnetic ordering states (e.g. in Fe-Ni alloys [71,72,186,189,190], Fe-Cu
alloys [187],Pd3Fe [192], and Mn88Ni12 [193]). The different electronic states
are associated with similar total energies, and therefore small perturbations
(change in temperature, strain, etc.) can dramatically change how the
different states are populated, thereby strongly affecting structural, transport
and magnetic properties. Various states have been theoretically investigated
for γ-Fe, including ferromagnetic, antiferromagnetic, and non-magnetic states
[74–76, 78, 135]. These studies typically consider an isotropic variation in
lattice parameter for the different electronic/magnetic states, maintaining the
fcc structure. Here, we experimentally demonstrate that the ferromagnetic
state of γ−Fe nanoparticles is, in fact, associated with the face-centered-
tetragonal (fct) structure, not fcc, shedding new light on the long-standing
question regarding the ground-state of γ-Fe [62,71].
Since bulk γ−Fe is thermodynamically stable only at high temperature
(1043-1667 K), experimental research on γ−Fe has mostly relied on Fe
ultra-thin films epitaxially grown on Cu [46, 49, 54–56] and to a lesser
extent on other fcc metals (e.g. Pd [61] and Rh [62]). The γ phase is
stabilized by the similar lattice constant a of fcc Cu and Fe (3.61 and 3.54 Å,
respectively). The lattice mismatch induces an in-plane tensile strain (along
the two in-plane dimensions) and, consequently, an fct distortion which
stabilizes a ferromagnetic ground state within the first few Fe monolayers
[46, 49, 54–57, 61]. The question that we address here is: what is the
ground state of γ−Fe (structural and magnetic) when tensile strain is
applied along all three dimensions? Previous work has focused on γ−Fe
nanoparticles embedded in Cu, which are typically antiferromagnetic, [64,194,
195] although ferromagnetic [66] and paramagnetic (likely antiferromagnetic
with a Néel temperature below 1.8 K) [196] states have also been reported.
Typically it is assumed that the γ−Fe nanoparticles retain the fcc structure.
This assumption appears to hold for antiferromagnetic γ−Fe nanoparticles,
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although a transition to a slightly fct distorted phase has been observed
below the Néel temperature [64]. For the ferromagnetic γ−Fe, on the other
hand, it has remained unclear if the nanoparticles retain the fcc structure
or also exhibit an fct distortion. Recently, Baker et al. proposed that γ−Fe
nanoparticles embedded in Cu1−xAux indeed develop an fct distortion with
increasing Au concentration x, i.e. increasing lattice constant of the host
matrix, and consequently of the tensile strain acting on the nanoparticles [67].
However, the extended X-ray absorption fine structure (EXAFS) data which
this work was based on did not allow for an unambiguous identification of
the fct distortion [67]. Here, we show that γ−Fe nanoparticles embedded
in SrTiO3 have a ferromagnetic fct ground state. Using SrTiO3 as a host
matrix, which is also cubic but with a much larger lattice parameter (3.905 Å),
provides sufficient separation between the X-ray diffraction peaks of γ−Fe and
of the host matrix, allowing us to unambiguously identify the fct distortion.
It is nevertheless an extremely challenging system from the characterization
point of view (due to e.g. the small size and amount of the nanoparticles),
requiring the use of low-temperature Mössbauer spectroscopy, advanced
transmission electron microscopy and synchrotron radiation techniques, in
addition to more conventional experimental methods.
Results
This section is divided in two parts. First, we describe the basic structure
and magnetic characterization of the Fe nanoparticles embedded in SrTiO3.
In the second part, we focus on the structural fct distortion and its effect on
the magnetic properties.
Basic characterization
After implantation and the two-step thermal annealing, the modified layer
corresponds to the top ∼ 70 nm (transmission electron microscopy (TEM)
measurements in Fig. 4.1). Embedded in this layer, Fe nanoparticles
can be observed using energy dispersive X-ray (EDX) spectroscopy (Fig.
4.1 e) with a diameter of approximately 5 nm. Structurally, these Fe
nanoparticles are identified as metallic Fe in the γ−Fe phase: Fig. 4.2 shows
the difference between unimplanted and implanted samples using synchrotron
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Figure 4.1: Transmission electron microscopy (TEM) images taken along
the [100] zone axis. (a) High-resolution TEM (HRTEM), low magnification,
showing a near-surface layer of ∼ 70 nm with features of 2–5 nm. (b)
HRTEM, high magnification, on a γ-Fe nanoparticle with noticeable {100}
facets (although the atomic structure visible in the nanoparticle region is
that of the SrTiO3 layer in which the particle is embedded). (c) High
angle annular dark field (HAADF) scanning transmission electron microscopy
(STEM). (d) Energy Dispersive X-ray (EDX) maps of the same region as
(c), for Ti, Sr, and Fe. (e) Same as (d) for Fe only. The EDX maps show
that although most of the features observed in HRTEM can be ascribed to
nanoparticles, some of them are also likely to be due to voids (large vacancy
clusters).
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Figure 4.2: Synchrotron radiation X-ray diffraction (SR-XRD) measured at
room temperature with a wavelength of 1.078 Å. (a) Symmetric [001] and
(b) asymmetric [111] ω/2θ -scans. For comparison, data for an unimplanted
sample are also shown. In addition to the SrTiO3 substrate peaks, epitaxial
γ-Fe peaks are also observed, with pronounced peak broadening consistent
with the small particle size (2–5 nm). The 2θ value for bulk α−Fe (002) is
indicated with a black arrow, to emphasize that α-Fe is not detected.
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X-ray diffraction (SR-XRD). This highlights the presence of the γ−Fe phase in
the SR-XRD symmetric [001] and asymmetric [111] ω/2θ− scans. Additional
asymmetric scans are shown below, in the context of the fct distortion. The
implanted layer (perovskite) and the γ−Fe nanoparticles exhibit an epitaxial
relationship (〈100〉 || 〈100〉 and 〈111〉 || 〈111〉), as evidenced by SR-XRD (Fig.
4.2), i.e. parallel {100} planes of the implanted layer and γ-Fe, which is
consistent with the {100} facets observed by TEM for several of the γ-Fe
nanoparticles (Fig. 4.1 b). We attribute the stability of the γ phase in SrTiO3
(3.905 Å) to the better lattice matching of γ−Fe (8% lattice mismatch)
compared to bcc (α) Fe (27%).
SQUID magnetometry measurements reveal a typical superparamagnetic
behavior (Fig. 4.3), with a blocking temperature (relative to the
magnetometry measurement time-scale of one second) of approximately
13 K (associated to the peak temperature in the field-cooled and zero-
field-cooled magnetometry measurements in Fig. 4.3 a), consistent with
small nanoparticles (nm size) with a ferromagnetic ground state and a
Curie temperature (TC) above 400 K (highest measured temperature).
The ferromagnetic resonance (FMR) measurements exhibit broad line
spectra characteristic of superparamagnetic particles (Fig. 4.4). When
the temperature is lowered below room temperature, the FMR line broadens
and shifts to lower magnetic fields. Below 200 K the resonance is no longer
discernible due to excessive line broadening.
It is important to note that not all of the implanted Fe atoms precipitate into
γ-Fe nanoparticles. A significant fraction of the implanted Fe substitutes
for Ti, forming a Sr(Ti,Fe)O3 matrix in which the γ-Fe nanoparticles are
embedded. The combination of emission channeling (EC), EXAFS and XRD
provides a detailed description of the non-precipitated Fe component. Figure
4.5 shows 59Fe EC data and the best fit obtained for 34(8)% of Fe atoms in
Ti sites, with the remaining 66(8)% contributing with an isotropic emission
(in random sites). The random component can be attributed to 59Fe present
in γ-Fe nanoparticles and in Sr(Ti,Fe)O3 regions which are either disordered
or not epitaxially recrystallized. Since γ-Fe or disordered/non-epitaxial
Sr(Ti,Fe)O3 are not perfectly coherent with the epitaxial Sr(Ti,Fe)O3 layer,
the β− particles emitted from Fe atoms within γ-Fe nanoparticles are more
likely to be dechanneled, thereby contributing with an isotropic emission (cf.
Ref. [197] for a more detailed discussion on these effects in Fe-implanted
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Figure 4.3: SQUID magnetometry data with in-plane applied magnetic field
along the [100] axis from +7 T to -7 T, expressed as magnetic moment
in Bohr magnetons (µB) per Fe atom, normalized to all implanted Fe. (a)
Field-cooled (FC) and zero-field-cooled (ZFC) measurements, with a field
of 5 mT (50 Oe). (b) Isothermal magnetization curves after subtraction of
the diamagnetic component determined by a linear fit to the data in the
high-field region (4–5 T).
ZnO). The coexistence of γ-Fe nanoparticles and dilute Fe in Ti sites is
also confirmed by EXAFS (Fig. 4.6), yielding fractions of 63(12)% and
37(12)% for Fe in γ-Fe and Sr(Ti,Fe)O3, respectively. The non-precipitated
Fe fraction in Sr(Ti,Fe)O3 exhibits Brillouin-like paramagnetic behavior (cf.
supplementary information).
Conversion electron Mössbauer spectroscopy (CEMS) measurements at
various temperatures between 5 K and room temperature (Fig. 4.7)
confirm the presence of γ-Fe and non-precipitated Fe (Sr(Ti,Fe)O3)
components. Details on the analysis and fitting model are given in
supplementary information. γ-Fe appears as a mixture of two components:
superparamagnetic and blocked γ-Fe nanoparticles, with a total γ-Fe fraction
of 64.6(3)%. The ratio of superparamagnetic to blocked components
increases with increasing temperature (Fig.4.7 c) due to superparamagnetic
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Figure 4.4: FMR spectra as a function of temperature, with the magnetic
field applied perpendicular to the sample plane, and fit (for 291 K and 250
K) with a Lorentzian lineshape (black line).
relaxation. Compared to magnetometry measurements, the shorter time-
scale associated with the Mössbauer state (98 ns) results in a higher
blocking temperature TB. A TB of 13 K for magnetometry measurements
corresponds to a TB of approximately 30 K for CEMS measurements
(assuming Néel relaxation [22]), which is consistent with the significant
increase in superparamagnetic fraction between 10 K and 50 K (Fig. 4.7 c).
The most important conclusion to be drawn from the CEMS measurements
is that the isomer shift of the magnetic component corresponds to γ−Fe
(Fig.4.7 b) [36,42,63,147], not α−Fe or Sr(Ti,Fe)O3. This unambiguously
establishes that the superparamagnetic component in the magnetometry
data originate from γ-Fe nanoparticles with a ferromagnetic ground state.
Tetragonal distortion and associated magnetic anisotropy
As in the work of Baker et al. [67], our EXAFS data do not allow us to identify
unambiguously whether the γ-Fe nanoparticles have fcc or fct structure. The
fit improvement obtained by allowing for an fct distortion is only marginal (cf.
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Figure 4.5: (Left) Experimental 59Fe β− emission channeling patterns in
the vicinity of the 〈100〉, 〈110〉 and 〈211〉 directions. (Right) Corresponding
best fits yielding 34(8)% of the Fe atoms in Ti sites, and the remaining
66(8)% contributing with an isotropic emission (attributed to 59Fe in γ-Fe
nanoparticles and disordered/non-epitaxial regions).
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Figure 4.6: Extended X-ray absorption fine structure (EXAFS) data measured
in the vicinity of the Fe K-edge, at room temperature. Top: Magnitude of
the Fourier transform (symbols) as a function of non-phase corrected radial
distance: experimental data (symbols) and best fit (black line) allowing
for two fractions of Fe atoms: in Ti sites in Sr(Ti,Fe)O3 and in γ-Fe. The
dashed line represents the Hanning window from 1.2 to 2.7 Å with a width
of 0.3 Å used in the fit (the data corresponding to higher-order coordination
shells is not included in the fit). Bottom: Magnitude of the Fourier transform
corresponding to the first shell in Sr(Ti,Fe)O3 and in γ-Fe, illustrating how
the analysis discriminates between the two components. Inset: Spectra of
k3-weighted EXAFS as a function of photoelectron momentum. The dashed
line represents the Hanning window from 2 to 13 Å−1 with a width of 0.5
Å−1 used in the fit.
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Figure 4.7: (a) Conversion electron Mössbauer spectroscopy (CEMS) data
measured at different temperatures (5-294 K). (b) The measured isomer
shift corresponding to γ−Fe, compared to the one of α−Fe, measured in
the same setup on a 20 nm α−Fe film deposited on Si. (c) The fractions
of the different components: γ−Fe in the blocked regime, γ−Fe in the
superparamagnetic (SPM) regime, non precipitated-Fe in Sr(Ti,Fe)O3 (the
fit model is described in supplementary information).
supplementary information). On the other hand, SR-XRD measurements
along different crystallographic directions ([002], [311] and [202]) provide
direct evidence of fct distortion. Figure 4.8 shows SR-XRD data measured
in the vicinity of the [002] and [311] diffraction peaks of SrTiO33 and
γ−Fe, which are well separated, thanks to the significant difference in lattice
parameter. Figure 4.8 also compares the data to the expected position
of the diffraction peaks for bulk γ−Fe (fcc with a= c= 3.54 Å, based on
extrapolation from antiferromagnetic Fe-alloys [32]). The [002] direction
is only sensitive to the out-of-plane lattice parameter c, whereas [311] and
[202] depend on both c and the in-plane lattice parameter a (with the [311]
direction being the most sensitive to changes in a). Combining the fit
results for all three directions, we obtain a = 3.76(2) Å and c = 3.50(2)
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Figure 4.8: Synchrotron radiation X-ray diffraction (SR-XRD) measured at
room temperature with a wavelength of 1.1808 Å.(a) Asymmetric (311) and
(b) symmetric (002) ω/2θ -scans. The measured 2θ values obtained from
the fit are indicated in red, whereas the 2θ values corresponding to bulk fcc
γ−Fe are indicated in blue (a = c = 3.54 Å, based on extrapolation from
Fe-alloy data [32]). The inset illustrates that the data cannot be reproduced
by an expanded fcc structure instead of an fct distortion, by comparing
the experimental data of (a) in the region of the (311) peak of γ−Fe peak
(solid symbols) and the fit (red line) to that same fit shifted to the 2θ value
corresponding to a= c= 3.50 Å (green line), i.e. of an fcc lattice with the
c-parameter determined from the (002) direction.
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Å (the error includes contributions from the fit for each direction and
from variations across the different directions), corresponding to an fct
distortion εT = a−cabulk = 7.3(8) %. We can therefore conclude that the γ−Fe
nanoparticles adopt an fct structure to accommodate the tensile strain
imposed by the Sr(Ti,Fe)O3 host matrix, similar to ultra-thin γ−Fe films on
fcc metals [46, 49, 54–56,61, 62], despite the fact that in this case the strain
is applied along all three dimensions (two in thin films). As in the thin-film
case, this fct distortion stabilizes the ferromagnetic ground state (resulting in
superparamagnetic behavior in the case of nanoparticles). The observation
of a ferromagnetic ground state instead of an antiferromagnetic one, for
nanoparticles with a unit cell volume of 49.6(5) Å3, is also consistent with the
high-volume (48.22 Å3) ferromagnetic state extrapolated from ferromagnetic
γ−Fe-based alloys, compared to the low-volume (44.36 Å3) antiferromagnetic
state extrapolated from antiferromagnetic γ−Fe-based alloys [32]. We also
observe that the fct distortion induces a magnetocrystalline anisotropy, which
is visible in the magnetization data as in-plane versus out-of-plane anisotropy:
a lower saturation field and higher thermoremanent magnetization for in-
plane field, corresponding to an in-plane easy axis (Fig. 4.9). Taking
the definition of the anisotropy field Ha which is required to saturate the
magnetization of a uniaxial crystal in a hard direction (of the order of a
few T along the [001] direction in this case - Fig. 4.9), we can estimate
a magnetocrystalline anisotropy constant Ku of the order of 106 J/m3,
using Ku = Haµ0Ms/2 [22], with Ms being the saturation magnetization.
Note that this is not the magnetic anisotropy component responsible for
the blocking/relaxation behavior observed in the temperature-dependent
magnetic measurements (magnetometry and CEMS). Taking the blocking
temperature from magnetometry measurements (13 K), we estimate an
anisotropy constant below 105 J/m3 (assuming Néel relaxation [22]), i.e.
at least one order of magnitude below the magnetocrystalline anisotropy
constant (106 J/m3). This weaker anisotropy component is most likely due
to shape anisotropy originating from e.g. the particles not being perfectly
spherical but they exhibiting some degree of faceting (Fig. 4.1.b) or a
prolate/oblate shape , which is consistent with an anisotropy constant of
the order of 105 J/m3 [198].
Finally, we can determine the average moment per Fe atom in the γ-Fe
nanoparticles by dividing the saturation moment by the number of Fe atoms in
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the γ phase. For the total saturation moment of the γ-Fe component, we take
the value at 40 K (3.64(2) × 10−5 emu): sufficiently low temperature to be
comparable to the truly intrinsic moment per Fe (at 0 K), but sufficiently high
for the Brillouin-like paramagnetic magnetization of the dilute Fe component
to be linear in field, i.e. being subtracted together with the diamagnetic
background from the substrate (also linear in field). The number of Fe atoms
in the γ phase is obtained by multiplying the total number of implanted
Fe atoms (9.7 × 1016 at/cm2) by the corresponding fraction determined
experimentally. As described above, different techniques (EC, EXAFS and
CEMS) were used here to quantify the fraction of Fe in the two components
(γ-Fe nanoparticles versus dilute Fe in Sr(Ti,Fe)O3). Considering the data
reported here, CEMS (64.6(3)%) provides the best precision. Taking the
γ-Fe fraction obtained from CEMS, we obtain a moment per Fe atom in
γ-Fe of 2.45(5) µB per γ−Fe atom.
Discussion
We have established that γ-Fe nanoparticles embedded in SrTiO3 have
an fct ferromagnetic ground state. We can now compare our findings
(ε f ct = 7.3(8)%; 2.45(5) µB per Fe atom) to the recent work of Baker et
al. suggesting that γ-Fe nanoparticles embedded in Cu1−xAux may be fct
distorted [67]. Taking the nearest-neighbor Fe-Fe distance obtained from
the fct fit to the EXAFS data, we obtain an ε f ct of 5(2)% for the highest Au
concentration (x= 0.12), with an associated moment 2.5(2) µB per atom
[67]. For lower Au concentration (i.e. smaller lattice parameter Cu1−xAux
and therefore lower tensile strain) both the distortion and the moment
per Fe decrease [67]. We can therefore conclude that γ-Fe nanoparticles
embedded in SrTiO3 are similar to those embedded in Cu1−xAux in the limit
of high tensile strain and associated fct distortion (similar ε f ct and µ values).
Remarkably, these similarities extend to γ-Fe thin films on Cu1−xAux: 2.6
µB [37] and 2.7 µB [59] for films with approximately the same in-plane lattice
parameter a (3.76 Å), i.e. in the extreme of tensile strain. Showing that
ferromagnetic γ-Fe has an fct structure both in nanoparticle and thin film
forms provides a unifying picture of ferromagnetism in these systems. In
particular, it suggests that the inconsistencies among reported ground states
of γ-Fe nanoparticles [64, 66, 194–196] may be solved if the fct distortion is
taken in account. One can expect that if fct structures are considered in
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Figure 4.9: SQUID magnetometry data measured with the magnetic field
applied in-plane parallel to the [100] axis (blue) and out-of-plane parallel to
the [001] axis (green), expressed as magnetic moment in Bohr magnetons
(µB) per Fe atom in γ−Fe nanoparticles (γ−Fe fraction obtained from
CEMS measurements). (a) Magnetization curves measured at 5 K after
subtraction of the linear component determined by a linear fit to the data in
the high-field region (2-3 T), corresponding to the diamagnetic substrate
and the Brillouin-like paramagnetic Fe (dilute component). The saturation
moment is slightly higher than that quoted in the text due to the small
non-linear contribution from the Brillouin-like paramagnetism of the dilute
component at 5 K. (b) FC and ZFC magnetization. Inset: Thermoremanent
magnetization.
theoretical assessments of the magnetic states of γ-Fe nanoparticles, the
same degree of agreement between theory and experiment achieved for
ultra-thin films [57] may also be reached. Some insight may already be
obtained by considering recent density functional theory (DFT) calculations
on bulk γ−Fe [81]. Various ordered and non-ordered states are closely
spaced in energy and have different dependencies on the magnitude of the
fct distortion [81]. When the magnetic exchange energy is not taken into
account, the local energy minimum coincides with the fcc structure. However,
for the ordered states (ferromagnetic and antiferromagnetic), introducing
an fct distortion decreases the total energy. In particular, in the region
corresponding to the fct distortion reported here (c/a of the order of 0.9),
the ground state is indeed ferromagnetic. One can therefore expect that,
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if equivalent DFT calculations are performed for strained nanoparticles,
these would reveal that the equilibrium lattice parameters (and therefore
the magnitude of the fct distortion) are not only determined by the energy
associated with the strain applied at the interface, but that the exchange
energy associated with ordered states may also play a crucial role.
Fct distortion may in fact be a much more general phenomenon, extending
to other observed magnetic ground states of γ-Fe. For example, γ-Fe
nanoparticles in the low-volume antiferromagnetic state, with fcc structure
above the Néel temperature (TN), have been observed to exhibit a structural
fcc-to-fct transition upon crossing TN (also a c-axis contraction as in the
present case, although much smaller, 0.32%) [64]. In an even wider context,
hints of fct-related phenomena have emerged in the context of thermal
expansion of Invar alloys. For example, anisotropic thermal expansion was
observed in Mn88Ni12: Invar effect for the c paramater (abnormally small
expansion) and anti-Invar (abnormally large) for the a parameter [193]. Such
puzzling observations further motivate a theoretical reassessment of the
magnetic ground states of elemental γ-Fe taking into account fct distortions,
as a model for more complex alloys.
Conclusion
We can summarize our findings in three key observations: (i) 2−5 nm sized
γ−Fe nanoparticles were successfully embedded in SrTiO3; (ii) these γ−Fe
nanoparticles exhibit a ferromagnetic ground state, unambiguously identified
using low-temperature Mössbauer spectroscopy; (iii) the ferromagnetic
ground state is associated with the fct structure, not fcc, as demonstrated
by synchrotron X-ray diffraction measurements. These findings indicate that
the fct structure underlies a universal relation between different forms of
magnetically ordered γ−Fe (nanoparticles and thin films, ferromagnetic and
antiferromagnetic), thereby motivating a theoretical reassessment of the
magnetic states of γ−Fe taking into account fct distortion.
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Materials and methods
Sample preparation
The samples consisted of commercial SrTiO3 single crystal substrates (Crystal
GmbH), [001] oriented, implanted with 57Fe+ ions to a fluence of 1×1016
atoms per cm2, at 60 keV, at room temperature, under an angle of 10◦
to minimize ion channeling during implantation. Based on SRIM2008
simulations [199], we estimate a projected range Rp = 314 Å, straggling
∆Rp = 140 Å and a Fe to Ti peak concentration of approximately 22%.
Thermal annealing was then performed under vacuum (∼ 1×10−5 mbar),
first at 500 ◦C and then at 900 ◦C (both for 10 min). The first annealing
step (500 ◦C with a ramp rate of 1.2 ◦C/s) induces the recrystallization
of the implanted layer (amorphous upon implantation), and the second
(900 ◦C, 5 ◦C/s) increases the magnetization (after the 500 ◦C annealing
the magnetization is negligible). The optimization of the implantation and
annealing parameters will be reported elsewhere.
Structural characterization
Transmission electron microscopy (TEM)
The samples for the electron microscopy studies were prepared using focused
ion beam (FIB) milling and ion milling. High angle annular dark field
scanning transmission electron microscopy (HAADF STEM) and energy
dispersive X-ray (EDX STEM) spectroscopy experiments were performed
using a FEI Titan 80-300 “cubed” microscope equipped with a Super-X
detector and operated at 200 kV. The results were recorded using probes
with convergence semi-angles in the 21 - 25 mrad range (with a probe size
of about 1 Å). The probe current ranged between 100 and 200 pA. High
resolution transmission electron microscopy (HR-TEM) was performed using
a FEI Tecnai G2 or a Jeol 2100F microscopes, both operated at 200 kV.
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Synchrotron X-ray diffraction (SR-XRD)
The SR-XRD measurements were performed at the Rossendorf (Helmholtz
Zentrum Dresden-Rossendorf) BM20 beamline (at room temperature with
a wavelength of 1.078 Å) and at the French CRG beamline BM02-D2AM
(at room temperature with a wavelength of 1.1808 Å) at the European
Synchrotron Radiation Facility (ESRF). The peaks in the spectra are fitted
for every measured crystallographic direction ([002], [311] and [202]) with
three different fit models (Gaussian, Gaussian/Lorentzian bled and Voigt)
using a free command-line self-contained Matlab function peakfit.m (Version
7.45). We then take the average 2θγ−Fe value over the three fit models,
giving one 2θγ−Fe value for each measured direction. These three 2θγ−Fe
values are then used to calculate the in-plane (a) and out of plane (c) lattice
constants, assuming equal in-plane lattice constants (along the [100]- and
[010]-direction, i.e. a= b).
Emission channeling (EC)
Emission channeling makes use of the charged particles emitted by a
radioactive isotope [87]. A sample was first implanted with stable 56Fe
to a fluence of 1.3× 1016 atoms per cm2 and subsequently co-implanted
with radioactive 59Fe (with a half-life t1/2 = 46 days) to a fluence of 1×1013
at/cm−2 by implanting the precursor isotope 59Mn (t1/2 = 4.6 s) which
decays to 59Fe. The radioactive implantation was carried out at the on-line
isotope separator facility ISOLDE at CERN. Angular-dependent emission
yields of the β− particles emitted during decay were measured at room
temperature, along three crystallographic directions ([100], [211], and [110]).
Quantitative lattice location is provided by fitting the experimental patterns
with theoretical ones (calculated using the many-beam formalism [87]) using
the two-dimensional fit procedure outlined in Ref. [88].
Extended X-ray absorption fine structure (EXAFS)
Fluorescence extended X-ray absorption fine structure (EXAFS) experiments
were performed at the X-ray absorption spectroscopy station of the Dutch-
Belgian Beamline (DUBBLE, BM26), at the European Synchrotron Radiation
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Facility (ESRF). The measurements were carried out at the Fe K-edge (7112
eV), at 25 K. Background subtraction, data processing, and fitting made use
of ATHENA and ARTEMIS from the IFEFFIT 1.2.11c package [200,201].
Ab initio calculations (feff8 [202]) were used to determine the backscattering
amplitude and phase shifts of the single scattering (SS) paths.
Magnetic characterization
SQUID magnetometry
The magnetic characterization was performed using a superconducting
quantum interference device (SQUID) magnetometer (LOT-QuantumDesign
SQUID-VSM MPMS3), following strict procedures in order to avoid
measurement artefacts and external magnetic contributions. These
procedures were developed based on statistically relevant tests, which allowed
us to determine the practical limits of SQUID magnetometry for the detection
of ferromagnetism under various sample preparation, processing and handling
conditions [90]. All measurements were carried out with in-plane applied
magnetic field along the 〈100〉 axis.
Ferromagnetic resonance (FMR)
The FMR measurements were performed with a standard Bruker X-band
(9 GHz) spectrometer using 100kHz field modulation and lock-in detection.
This gives rise to first derivative lineshapes. The magnetic field range was 0
to 1.9T and the spectra were measured in the temperaure range from 4K to
room temperature. The sample size was of the order of 3×4 mm2. The
observed FMR spectrum could be well fitted with a Lorentzian lineshape.
The intensity of the FMR spectrum is obtained from a double integration.
Conversion electron Mössbauer spectroscopy (CEMS): correlating
structural and magnetic information
The conversion electron Mössbauer spectroscopy (CEMS) measurements
were performed at various temperatures between 5 K and room temperature
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using a 57Co (39 mCi) source mounted on a velocity drive set for a velocity
scale of approximately ±12 mm/s. At room temperature, a parallel plate
avalanche detector (PPAD) was used [116]. This detector uses acetone
under 25 mbar as counting gas. The bottom electrode, connected to a
negative bias voltage, was in contact with the sample while the top electrode
was grounded. At low temperature, the sample was mounted on a cryostat
(Oxford instruments, MICROHR2, microstat HiRes microscope cryostat).
The Mössbauer measurements were recorded using three channeltrons from
Dr. Sjuts Optotechnik GmbH (model KBL15RS) [203]. The isomer shift
(δ ) values and associated velocity scale were calibrated relative to a room
temperature spectrum for a α-57Fe thin film deposited on Si measured in
the absence of an external magnetic field. The spectra were analyzed using
the Vinda code [129].
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Supplementary information
Emission channeling (EC)
The radioactive implantation was carried out at the on-line isotope separator
facility ISOLDE at CERN. Since the 59Fe fluence is three orders of magnitude
below that of stable 56Fe, the increase in total Fe concentration compared to
the samples used for the other characterization techniques can be neglected.
The annealing at 500 and 900 ◦C was performed one day after the 59Mn
implantation. This ensured that the implanted layer was recrystallized when
essentially all 59Mn had decayed to 59Fe, one can assume that the 59Fe
probes accurately represent the site location behavior of all implanted Fe.
The channeling patterns were analyzed using an angular smooth value of 0.3◦
which takes into account the effect of the beam spot size and implantation
related damage. For more details on the emission channeling technique, we
refer to Ref. [197], where similar 56Fe/59Fe co-implantation experiments (on
Fe-implanted ZnO) are reported.
SQUID magnetometry
The magnetic characterization was performed using a superconducting
quantum interference device (SQUID) magnetometer (LOT-QuantumDesign
SQUID-VSM MPMS3), following strict procedures in order to avoid
measurement artefacts and external magnetic contributions. These
procedures were developed based on statistically relevant tests, which allowed
us to determine the practical limits of SQUID magnetometry for the detection
of ferromagnetism under various sample preparation, processing and handling
conditions [90].
Figure 4.10 shows data measured at temperatures lower than those included
in the main text. The main plot consists of the higher field range, showing
that at lower temperatures, a paramagnetic component becomes visible
which is consistent with Brillouin-like paramagnetism (not saturated at 7
T, increasing susceptibility with decreasing temperature). This component
corresponds to the Fe atoms which did not precipitate into γ-Fe nanoparticles.
The inset consists of the low-field region, showing that below the blocking
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Figure 4.10: Isothermal magnetization curves after subtraction of the
diamagnetic component determined by a linear fit to the 300 K data in
the high-field region (5–7 T). The magnetization is expressed as magnetic
moment per Fe atom in Bohr magnetons (µB), normalized to all implanted
Fe. Inset: Low-field region emphasizing the onset of coercivity at low
temperature.
temperature (∼ 13 K), a non-vanishing coercivity emerges, consistent with
blocked nanoparticles.
Conversion electron Mössbauer spectroscopy (CEMS)
The spectra were analyzed using the Vinda code [129], using a Voigt
lineshape to fit the doublets (Sr(Ti,Fe)O3) and singlet (superparamagnetic
γ-Fe component). The blocked γ-Fe component was described with a
hyperfine field distribution (shown in the inset of Fig. 7 of the main article).
The hyperfine parameters obtained from the analysis are shown in table
4.1. Most of the relevant parameters are already discussed in the main text.
We note, furthermore, that the dilute Fe components are associated with a
quadrupole splitting (∆EQ), which can be understood as due to the electric
field gradient emerging from defect complexes consisting of an Fe atom in a
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Figure 4.11: Conversion electron Mössbauer spectroscopy (CEMS) data,
measured at 5 K. The fit includes four components: γ−Fe (two components)
and Fe in Sr(Ti,Fe)O3 (two components). The two γ−Fe components
correspond to superparamagnetic nanoparticles (non-magnetic singlet)
and blocked nanoparticles (component with the hyperfine magnetic field
distribution shown in the inset). The two components attributed to dilute
Fe in Sr(Ti,Fe)O3 are interpreted as Fe2+ and Fe3+ components.
Ti site and one or more O vacancies in the O octahedron coordinating the
Ti site.
Extended X-ray absorption fine structure (EXAFS)
Background subtraction, data processing, and fitting were performed with
ATHENA and ARTEMIS from the IFEFFIT 1.2.11c package [200,201]. Ab
initio calculations (feff8 [202]) were used to determine the backscattering
amplitude and phase shifts of the single scattering (SS) paths, for an Fe
absorber in two possible configurations: in Ti sites in SrTiO3 and in γ-Fe.
A Hanning window from 1.2 to 2.7 Å, with a width of 0.3 Å, was used in
the fit, i.e. including only the first O-shell in SrTiO3 and the first Fe-shell
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Table 4.1: Hyperfine parameters obtained from the analysis of the spectrum
in Fig. 7 (main article) at room temperature. The Table lists the isomer-
shift (δ ), quadrupole splitting (∆EQ) or quadrupole shift (2ε), full width at
half maximum line-width (FWHM) with the detector line-width subtracted,
recoil-free fraction ( f f ac) and average magnetic hyperfine field Bhf. The
magnetic hyperfine field was set to zero for all components, except for the
blocked γ-Fe component, for which the best fit is obtained with the hyperfine
field distribution shown in the inset of Fig. 4.11.
δ ∆EQ or 2ε FWHM f f ac Bhf
(mm/s) (mm/s) (mm/s)
γ-Fe
SPM
-0.097(5) 0 0.327(7) 0.82(1)
0
blocked distr.
Dilute Fe
3+ 0.18(7) 0.66(5) 0.456(2) 0.87(1) 0
Fe2+ 0.83(4) 1.024(9) 0.524(5) 0.80(1) 0
in γ-Fe. The coordination number N was set to the value defined by the
crystal structure of γ-Fe (N = 6); for SrTiO3, N was set to 5 (instead of
6) to account for the presence of O vacancies in the first neighbor shell
of Fe in Ti sites as indicated by EC and CEMS. The following EXAFS
Debye-Waller factors (DWFs) σ2 for the SS paths were obtained from the
fit: 0.003(2) Å2 for the first O-shell in SrTiO3 and 0.005(3) Å2 for the first
Fe-shell in γ-Fe. The passive electron reduction factor S02 = 0.8(1) was
determined from the fit, as well as the fractions of Fe in SrTiO3 (37(12)%)
and in γ-Fe (63(12)%). S02 and fraction values are correlated with the
coordination number N of the SrTiO3 component (set to 5 instead of 6
due to the presence of O vacancies); the uncertainty resulting from varying
N between 4 and 6 (i.e. between two and zero vacancies) is of the order
of that quoted above (obtained from the fit for fixed N = 5). The radial
distance (R) associated with the SS paths were also obtained from the fit.
For the first O-shell in SrTiO3, no variation (∆R) from the crystallographic
value (1.98 Å) was observed within the fit uncertainty (0.1 Å). For the first
Fe-shell in γ-Fe, we tried two different models: isotropic variation in radial
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distance (same ∆R for all paths); fct distortion (two sets of ∆R values). The
fit improvement obtained by allowing for an fct distortion (i.e. one more
free parameter) was, however, only minimal, making it difficult to reach a
conclusion regarding an eventual fct distortion. Within the variability of the
two models, the Fe-Fe radial distance in γ-Fe obtained from the fit is 2.5(2)
Å.
Chapter 5
Discussion: 2γ-state model
An important step towards understanding magnetic order in γ−Fe can be
traced back to the early 60’s, with the so-called 2γ-state model introduced
by Weiss [32]. The model is based on the existence of two possible electronic
states of γ−Fe closely separated in energy (of the order of 10−2 eV): an
antiferromagnetic low-volume state (γ1), with a unit cell volume of ∼ 44 Å3,
a magnetic moment of ∼ 0.5 µB per atom and a Néel temperature TN of
∼ 80 K and a ferromagnetic high-volume state (γ2) with a unit cell volume of
∼ 48 Å3, a magnetic moment of ∼ 2.8 µB per atom and a Curie temperature
TC of ∼ 1800 [32]. This model was developed in the context of the Invar
effect in Ni-Fe and related alloys: anomalously small thermal expansion due
to thermal excitations between these two states. The excitation between
the two γ states compensates for the lattice expansion due to anharmonic
effects of the lattice vibrations [34, 35]. Charles Edouard Guillaume received
the Nobel Prize in Physics in 1920 for the discovery of an Invar alloy. He
succeeded in finding an alloy of nickel and steel that had almost no change
in volume as a result of temperature changes. This material provided a
basis for precise measurements to define lengths independent of temperature.
Despite its simplicity, Weiss’ 2γ-state model provides a remarkably insightful
description of Invar and anti-Invar effects, and its theoretical refinement and
generalization to related compounds remain an active topic of research.
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Figure 5.1: SQUID magnetometry data with magnetic field applied in plane
along the (100) axis of the sample, expressed as magnetic moment per γ−Fe
atom in Bohr magnetons (µB). Saturation moment and fit using the model
described in the text, compared to the Bloch T 3/2 law with TC = 1800 K.
Analyzing our data in the context of the 2γ-state model
For the γ−Fe nanoparticles embedded in Sr(Ti,Fe)O3 in this thesis, SQUID
magnetometry measurements reveal typical superparamagnetic behavior
(Fig. 4.3), with a blocking temperature of approximately 13 K (inset of Fig.
4.3(a)), consistent with γ−Fe nanoparticles with a ferromagnetic γ2 ground
state. The saturation moment per γ−Fe atom as a function of temperature
is plotted in Fig. 5.1. In order to model the temperature dependence of the
magnetization, we must take into account the following two processes:
(i) the well-known thermal excitation of magnons in ferromagnetic
systems;
(ii) the thermal excitation between the γ2 ground state and an eventual
γ1 state.
Since the TC associated with the ferromagnetic γ2 state is of the order of
1800 K [32], i.e. well above the highest temperature measured here, we
take the Bloch T 3/2 law to model the decrease in saturation moment due
to thermal excitation of magnons (i) [204]. However, this model clearly
does not fit the experimental data (Fig. 5.1, dashed line). Regarding the
(γ2− γ1) excitation (ii), even if there would be an effective change in volume
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(which is likely not the case, since the nanoparticles are confined by the host
matrix), it would be small (a few % [32]). Therefore, the (γ2−γ1) excitation
does not result in a first-order transition, and can instead be treated as an
internal electronic excitation between two states γ2 and γ1, with associated
energies and degeneracies [32]. This process can be visualized as moving
one electron from one half of the 3d band to the other half [32]. Taking
such a Schottky two-level formalism, the fractional occupation N of each
level using Maxwell-Boltzmann statistics is then given by
NFM
NAFM
=
gFM exp
(
−EFM
kBT
)
gAFM exp
(
−EAFM
kBT
) =Ωexp(−∆E
kBT
)
=
NFM
1−NFM ,
with ∆E the energy difference between the two levels (EAFM−EFM) and Ω
the ratio of their degeneracies
(
gFM
gAFM
)
[32, 35]. Specific heat measurements
of fcc Fe-based alloys, modeled with an equivalent Schottky anomaly model,
give Ω= 0.559 [32,35]. Combining mechanisms (i) and (ii), the temperature
dependence of the saturation moment is given by:
µ(T )
µ(0 K)
=
[
1−
(
T
TC
) 3
2
]
·
[
1+Ω−1 exp
(−∆E
kBT
)]−1
. (5.1)
Using this expression to fit the saturation moment (Fig. 5.1) yields ∆E =
0.045(4) eV, µ(0 K) = 2.5 µB per atom and TC = 2.0(7)× 103 K. Fixing
TC = 1800 K, the value associated with the γ2 state [32] has a minor
effect on the fit and gives ∆E = 0.046(1) eV. The fit can be improved by
allowing small variations in Ω, the exponent of the Bloch law, or TC, all
of which are plausible considering that we are modeling the behavior of
fct-distorted nanoparticles, not fcc bulk Fe. In addition, a more sophisticated
treatment would account for changes in the energy bands with temperature.
Nevertheless, this simple and unbiased model reproduces the data rather
well (Fig. 5.1, solid line). This model shows that both γ states can coexist
in γ−Fe at finite temperatures, by thermal excitation between ferromagnetic
γ2 and antiferromagnetic γ1 (paramagnetic above TN) states.
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Figure 5.2: Schematic drawing the model described in the text, based on
the 2γ-state model introduced by Weiss [32]: antiferromagnetic (AFM)
and ferromagnetic (FM) states (γ1 and γ2, respectively). The scheme is
generalized to include the energy dependence of the two states on the
magnitude of the fct distortion [79,80].
Unified model of magnetic states in γ−Fe
Limited theoretical studies have been performed so far on the dependence of
∆E on the magnitude of the fct distortion. From the density functional theory
(DFT) calculations reported in Refs. [57,79,80] one can infer ∆E values of
the order of 0.05 eV for c/a (magnitude of fct distortion) around 0.9 (Fig.
1.3(b)), i.e. in agreement with the value of 0.045(4) eV determined here
for the γ−Fe nanoparticles in Sr(Ti,Fe)O3 with c/a= 0.93(1) (see section
4.1). In figure 5.2 we generalize the picture of the 2γ-state model [32] to
include the dependence on the magnitude of the fct distortion [79,80]. This
picture unifies the findings reported in this thesis for γ-Fe nanoparticles
embedded in Sr(Ti,Fe)O3 with previous work on γ-Fe nanoparticles and thin
films interfaced with fcc metals [37,46,49,54–56,60–62,64,66,67,194–196],
in particular the crossover from antiferromagnetic to ferromagnetic ground
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Figure 5.3: Energy difference ∆E (equation 5.1) between ferromagnetic γ2
and antiferromagnetic γ1 states (see Fig. 5.2) as a function of fct distortion
(equation 2.5) for different samples of γ−Fe nanoparticles embedded in
SrTiO3.
states with increasing fct distortion. The work reported by Mitani et al. in
Ref. [59] is a particularly good example. The in-plane lattice parameter a of
fct Fe films was varied between 3.55−3.77 Å in multilayers with Cu1−xAux
and Cu1−xNix, covering the entire range depicted in Fig. 5.2. The saturation
moment per Fe atom (measured at 77 K) was found to vary monotonously
between 0 µB for a∼ 3.55 Å and 2.7 µB for a∼ 3.77 Å (see Fig. 1.3.(b)).
Although the temperature dependence was not investigated in Ref. [59],
their results can be readily understood within the picture in Fig. 5.2 of
thermal excitation between γ1 and γ2, where ∆E depends on the magnitude
of the fct distortion.
In the case of γ−Fe nanoparticles embedded in Sr(Ti,Fe)O3, we were also
able to vary (although to a lower extent) the c/a ratio using different
preparation procedures (fluence, annealing parameters...). Figure 5.3 shows
∆E for embedded γ−Fe nanoparticles with varying magnitude of the fct
distortion. The difference between the sample with the lowest and highest
fct distortion is the implanted fluence. In Section 3.1, it was indicated
that a higher fluence increases the blocking temperature, suggesting a
bigger particle size. Therefore, a smaller fct distortion is observed for larger
112 DISCUSSION: 2γ-STATE MODEL
particles, shown in Fig. 5.3. This can be interpreted as resulting from the
fact that the equilibrium lattice parameters of the γ−Fe nanoparticles are
determined by the competition between surface energy, which increases with
the lattice mismatch between nanoparticle and matrix, and volume energy,
which decreases as the constants a and c approach the ones of bulk γ−Fe.
The larger the particle size, the more the volume energy dominates and the
smaller the structural distortion becomes (towards a more relaxed, i.e. cubic,
structure). A smaller nanoparticle size results in an increased surface to
volume ratio, whereby the lattice parameters of the nanoparticles are more
affected by the interface and consequently, by the embedding matrix.
It is important to note that, although the Sr(Ti,Fe)O3 matrix is strained
(see Section 6.1), its fct distortion (< 1 %) is too small to solely explain
the fct distortion in the embedded γ−Fe nanoparticles (up to 7.3(8) %).
The main effect of the distortion of the host is to break symmetry, i.e. it
makes the [001] axis non-equivalent to the [100] and [010]. Consequently,
the contracted dimension of embedded γ−Fe nanoparticles aligns along the
distorted Sr(Ti,Fe)O3 matrix direction. In other words, although the fct
distortion of the Sr(Ti,Fe)O3 matrix is too small to act as the origin of the
fct distortion of the γ−Fe nanoparticles, it sets the [001] axis as the preferred
distortion direction. The notion that fct distortion is a general characteristic
of ferromagnetic γ−Fe nanoparticles is further supported by recent work on
ferromagnetic γ−Fe nanoparticles embedded in a Cu1−xAux matrix [67]. The
EXAFS data in Ref. [67], although not completely conclusive, are consistent
with an fct distortion (c-axis contraction).
Above, we focused on the link between strain and fct distortion, with the
magnetism appearing to play a secondary role (the consequence of an
independently set crystal structure). However, as we discuss in the following,
magnetic order plays a far more important role. In Figure 5.2, the behavior
of γ−Fe nanoparticles was unified with the established experimental and
theoretical understanding of γ−Fe thin films. For thin films, one would
indeed expect that a material which has an fcc structure in bulk, develops
a tetragonal distortion when strained by the substrate (i.e. in only two
dimension, with the third being free). However, fct distortion in nanoparticles
is far less intuitive: why do nanoparticles develop an fct distortion instead
of an isotropic lattice expansion, even though the tensile strain is applied in
all three dimensions? Fully answering that question would require detailed
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Figure 5.4: Total energy of iron as a function of tetragonal distortion c/a
for ferromagnetic (FM) and antiferromagnetic (AFM) magnetic structures,
as well as for magnetic-structure-independent contribution E0 to the total
energies, for a fixed unit cell volume equal to 11.44 Å3, reproduced from
Ref. [81]
theoretical calculations that could be interpreted in combination with our
experimental results. However, DFT calculations for nanoparticles of several
nm in diameter are presently too demanding. Nevertheless, some theoretical
work has been carried out considering the fct distortion in thin films [80]
and bulk gamma-Fe [79–81] that sheds some light in this matter. For
iron in bulk, the ferromagnetic bcc phase (corresponding to α−Fe) is the
most energetically favorable phase [79,81], cf. Fig. 5.4. As expected (and
confirmed for the ultra-thin film case), the effect of an epitaxial interface with
an fcc lattice is to make the region around the fcc structure (c/a= 1 in Fig.
5.4) more energetically favorable compared to bcc. While for bulk (bcc) the
ferromagnetic ground state is well separated from the other possible states,
that is not the case in the fcc region. There, different ordered and non-
ordered states are closely spaced in energy and have different dependencies
on the c/a ratio (Fig. 5.4). Consequently, magnetism plays a key role in
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determining the existence (and magnitude) of the fct distortion. When the
magnetic exchange energy is not taken into account (E0 curve in Fig. 5.4),
or when a non-ordered magnetic state is considered (ENM), the local energy
minimum coincides with the fcc structure, i.e. the energy increases with fct
distortion (for c/a both smaller and larger than 1). However, for the ordered
states (ferromagnetic and antiferromagnetic), introducing an fct distortion
decreases the total energy. Therefore, the equilibrium lattice parameters (and
consequently the magnitude of the fct distortion) are not only determined by
the energy associated with the strain applied at the interface; the exchange
energy also plays a crucial role. In other words, magnetic order is not simply
a consequence of a given crystallographic structure (e.g. ferromagnetism
in bulk bcc Fe and antiferromagnetism in bulk fcc Fe); in strained γ−Fe,
the magnetic order plays a central role in determining the magnitude of
the fct distortion. A related coupling between magnetic order states and
structural distortions has been proposed for Fe-based superconductors [205],
but remains a matter of debate [206]. The complexity and subtleties of
such coupling phenomena make γ−Fe (elemental, high-symmetry material)
a particularly attractive model system.
Contribution to the debate on the origin of the Invar effect
In the beginning of this chapter, the Invar effect was briefly introduced
to provide the context of the 2γ-state model. We finish this section by
discussing how our findings may contribute to the current debate on the
origin of the Invar effect. Despite the success of Weiss’ 2γ-state model in
explaining much of phenomenology of Invar alloys, various alternative origins
of the Invar effect have been proposed. Partial chemical ordering is one of the
possible explanations [207], based on the chemical short- or long-range order
and negative interatomic exchange interactions that compensate for thermal
expansion. Schilfgaarde et al. [71] also proposed an alternative theory, based
on the existence of a non-collinear magnetic ordering ground state, and
implying that the magnetic moment as a function of Fe concentration does
not drop abruptly from a high value to zero, but decreases gradually. This
idea arises from observed discrepancies: theories indicating a first-order
transition in magnetization as a function of nickel concentration in Fe and
Ni alloys [208,209] and contradicting experiments [32,209]. However, the
concept of a second-order-like transition does fit within the theoretical
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studies indicated by Schilfgaarde et al. [208] due to the possible existence
of a very small local moment on the Fe and the Ni atoms for a high
iron concentration [209]. Moreover, experimental results showed a smooth
transition in magnetization as a function of concentration [34, 209]. The
results in this thesis also favor the coexistence of high-spin and low-spin states
as described in Ref. [76]. More recently, two other origins of the Invar effect
have also been proposed. In Ref. [210], magnetic disorder was suggested
to be the cause of dynamical changes of the electronic structure leading to
spontaneous volume magnetostriction in Fe-based alloys and consequently
also the Invar effect. In Ref. [81], the anti-Invar effect in γ−Fe is attributed to
dependence of the exchange constant on lattice volume (magnetic softening
of the bulk modulus), without thermal excitation between different gamma
states. Although our work does not contradict any of these alternative
theories, it provides experimental evidence of thermal excitation between
two γ states, in agreement with Weiss’ original model [34], and with the
energy difference between FM and AFM states calculated using modern
DFT approaches [79–81].

Chapter 6
Outlook: artificial
multiferroics based on γ−Fe?
In this chapter we discuss the potential of γ−Fe as a functional material,
namely as the magnetic constituent of an artificial multiferroic. Multiferroics
exhibit at least two ferroic order parameters [211,212]. Ferroelectricity is
defined as the spontaneous ordering of electric dipole moments, even in
the absence of an external electric field. By applying an electric field, the
intrinsic polarization P can be reversed. Ferromagnetism is the spontaneous
Figure 6.1: Magnetoelectric multiferroicity is based on the combination of
ferromagnetism and ferroelectricity.
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parallel arrangement of orbital or spin magnetic moments. A third
ferroic order parameter exists, called ferroelasticity, which is characterized
by spontaneous lattice deformation or lattice strain. Magnetoelectric
multiferroics, in particular, combine ferroelectricity and (anti)ferromagnetism
(see Fig. 6.1). The interest in these systems originates from the coexistence
of electric and magnetic order parameters and, in fewer though more
interesting cases, from the magnetoelectric coupling between them [213].
The long-sought multiferroic with large magnetoelectric coupling at room
temperature is, however, yet to be discovered [214]. An alternative to
intrinsic multiferroics is to combine ferroelectric (or piezoelectric) and
ferromagnetic (or antiferromagnetic) materials in hybrid/composite systems
such as multilayers and embedded nanostructures [214–216]. In these
artificial multiferroics, magnetoelectric coupling emerges at the interface
between the magnetic and electric constituents. One of the main advantages
of this approach is the much wider range of materials exhibiting only
ferroelectric, piezoelectric, ferromagnetic or antiferromagnetic behavior,
even above room temperature.
The wealth of magnetoelectric coupling phenomena in artificial multiferroics
reported so far, for different combinations of materials, can be compiled
in essentially three mediation mechanisms (strain, magnetic exchange, and
charge coupling) [130], and three magnetic parameters modulated by the
applied electric field (exchange constant, saturation magnetization Msat ,
and magnetic anisotropy) [217]. Here we propose that strain induced
by a ferroelectric or piezoelectric can drive a magnetic material (with
which it is interfaced) between ferromagnetic and antiferromagnetic (or
paramagnetic above the Néel temperature) ground states. Although based
on strain, the principle discussed in this thesis is fundamentally different
from the known magnetoelectric coupling mechanisms. The reported
cases of strain-induced modulation of the magnetic properties in hybrid
systems can be divided into two types: (i) changes in magnetic anisotropy
or magnetic domain configuration due to the magnetoelastic interaction
(e.g. in Fe3O4/BaTiO3 [26], CoFe2O4/BaTiO3 [27], and Fe/BaTiO3 [28])
and (ii) changes in magnetic exchange or magnetization in systems where
the electronic structure is strongly affected by subtle bond deformations
(e.g. in manganites: La1–xSrxMnO3 [29,30], La1–xCaxMnO3 [29,30,218],
and Pr1–xCaxMnO3 [219]). The mechanism proposed in the following is
somewhat related to the latter case (manganites), but instead of only slightly
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changing the ordering temperature [29] or the magnetization [30, 219], it
involves a change of magnetic ground states, induced by a small change in
lattice parameter. A similar mechanism of magnetoelectric coupling based
on a strain-induced switch between different order states has been recently
demonstrated for FeRh. Epitaxially grown FeRh films on the well-known
ferroelectric BaTiO3 [220] show a strong magnetoelectric coupling larger than
previous reports in other composite multiferroic heterostructures [221,222]
by at least one order of magnitude. In this system, voltage-induced
strain effects from BaTiO3 drive a first-order phase transition in the FeRh
film from an antiferromagnetic to a ferromagnetic state just above room
temperature [220].
Because of the strong coupling between structure and magnetism, the γ−Fe
allotrope is a promising candidate material as ferromagnetic component in
such artificial multiferroics. Moreover, we showed that γ−Fe nanoparticles
can be successfully embedded in Sr(Ti,Fe)O3. The compability of γ−Fe with
perovskite oxides is an important breakthrough towards using perovskite-type
ferroelectrics (Section 6.1). The strain-mediated magnetoelectric coupling
between a ferromagnetic (γ−Fe) and interfacing ferroelectric material (e.g.
perovskite-type matrix) is discussed in Section 6.2.
6.1 Ferroelectricity: perovskite-type matrix
BaTiO3, (Ba,Sr)TiO3, PbTiO3 and Pb(Zr,Ti)O3 are well established
perovskite-type ferroelectrics [213]. The ferroelectricity originates from
a structural distortion. SrTiO3, the matrix in which the γ−Fe nanoparticles
are embedded in this thesis, is also a perovskite-type structure. Pure cubic
SrTiO3 is paralectric, meaning no spontaneous polarization occurs [224,225].
However, chemical substitution causes ferroelectric behavior below a specific
ferroelectric transition temperature, e.g. upon Bi doping [226] and after more
than 12% of Ca substitution with Sr [227]. Moreover, theoretical calculations
predict the dependence of the ferroelectric transition temperature on strain
even in undoped SrTiO3 [228]. This is experimentally confirmed [229] and
summarized in Fig. 6.2 from Haeni et al. in Ref. [223], where the ferroelectric
transition temperature is plotted as a function of the biaxial in-plane tensile
strain εS = ε‖ =
a‖−a0
a0
of a 500 Å thick SrTiO3 film epitaxially grown on
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Figure 6.2: The ferroelectric transition temperature as a function of biaxial
in-plane tensile strain on a thin SrTiO3 film. DyScO3 is orthorombic with
lattice constant a = 5.440 Å, b = 5.713 Å and c = 7.887 Å. LSAT has
a lattice constant of a= 3.869 Å.The ferroelectric transition temperature
increases with increasing strain. Reproduced from Ref. [223]. The gray zone
corresponds to strain obtained from RBS/C measurements on the samples
in this work in Fig. 6.3.
two different substrates, DyScO3 and LSAT. a0 corresponds to the lattice
parameter of unstrained SrTiO3, i.e. 3.905 Å. The ferroelectric phase can
already be reached when a strain > 0.01 %, corresponding to an in-plane
expansion, is achieved in the SrTiO3 film.
The strain in the Sr(Ti,Fe)O3 matrix used in this thesis to stabilize γ−Fe
nanoparticles is qualitatively determined using RBS/C. This procedure
is described in Section 2.2. The difference in positions of the angular
scans between the implanted layer and the underlying substrate indicates a
tetragonal strain εT in the Sr(Ti,Fe)O3 layer. Therefore, εT equals 0.63(6)%
and 0.76(8)% for the low and high fluence samples respectively (see Fig. 6.3).
The non-zero tetragonal distortion εT in the implanted layer is qualitatively
confirmed by a ω-2θ -scan in the vicinity of the [001] SrTiO3 SR-XRD peak in
Fig. 6.4(a). This measurement shows a difference between an unimplanted,
and therefore cubic, and an implanted (and annealed) SrTiO3 sample. There
is a shoulder at the high angle side of the (001) SrTiO3 peak. The interference
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Figure 6.3: Angular RBS/C scans along the (101)-direction for a fluence of
(a) 1×1016 at/cm2 and (b) 1.2×1016 at/cm2. Both samples are annealed
at 500◦C and 900◦C in vacuum (∼ 10−5 mbar) for 10 minutes.
fringes observed in the scattering pattern are due to the different optical
paths of X-rays in the film with a slightly different lattice parameter, along the
measurement direction, compared to the underlying substrate (unimplanted
SrTiO3). The period of the thickness fringes (corresponding to a strained
layer of 32(2) nm) is consistent with the thickness of the implanted layer.
The highly Fe doped layer is approximately 2×∆R= 280 Å, the straggling
estimated using the SRIM2008 computer code with an Fe to Ti peak
concentration ≈ 22% [199].
The difference in lattice parameter along the (001) direction (i.e. out of
plane) between the implanted and unimplanted film can be, at least partially,
attributed to a lattice constant change caused by the non-precipitated
iron. EC and eMS results in Section 3.2 demonstrate that dilute Fe mainly
substitutes Ti (see Fig. 3.13). Since the lattice constant of SrFeO3 is
smaller than SrTiO3 and Sr(Ti1-x,Fex)O3 follows Vegard’s law [230], the
higher Fe concentration x results in a smaller lattice constant out of plane
(the implanted layer is strained in plane due to the underlying substrate).
Although the c-parameter cannot be quantitatively determined, due the
overlap of the SR-XRD-peaks from the implanted layer and the SrTiO3
substrate (Fig. 6.4), the quantitative εT determination using RBS/C agrees:
a higher iron concentration induces a bigger fct distortion.
122 OUTLOOK: ARTIFICIAL MULTIFERROICS BASED ON γ−FE?
1 5 . 0 1 5 . 5 1 6 . 0 1 6 . 51 0
2
1 0 3
1 0 4
1 0 5
1 0 6
1 0 7
1 0 8
1 0 9
1 0 1 0
t h i c k n e s s  f r i n g e s s
S r ( T i , F e ) O 3  s h o u l d e r
u n i m p l a n t e d
F e : S r T i O 3
( 0 0 1 )  S r T i O 3
 inte
nsit
y (c
oun
ts)
2 θ ( °)
1 0 1
1 0 2
1 0 3
1 0 4
1 0 5
1 0 6
1 0 7
1 0 8
1 0 9
1 0 1 0
 
 
Figure 6.4: High-resolution symmetric (001) SR-XRD ω-2θ -scans with
a wavelength λ = 1.0778 Å in the vicinity of the (001) SrTiO3 peak of
unimplanted and Fe implanted (and annealed) SrTiO3.
The Fe-implanted SrTiO3 layer is strained, and therefore, may be
ferroelectric at a temperature below the blocking temperature TB of the
superparamagnetic γ−Fe nanoparticles (see Fig. 6.2) where this strain
range is marked in gray). Moreover, it is important to point out that it is
possible to stabilize γ−Fe nanoparticles in this perovskite-type structure,
which indicates new possibilities towards artificial mutliferroics when γ−Fe
nanoparticles are embedded in other, more commonly known, ferroelectric
perovskites-type materials.
6.2 Prospects for magnetoelectric coupling
An artificial magnetoelectric multiferroic system requires two subsystems:
a ferromagnetic and a ferroelectric material, where the interface mediates
the magnetoelectric coupling. Embedded γ−Fe nanoparticles are a suitable
ferromagnetic constituent due to their strain-induced ferromagnetic ground
state, as indicated in Section 4.1 and Chapter 5. Moreover, our interpretation
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Figure 6.5: Schematic picture of a possible artificial magnetoelectric
multiferroic material based on embedded γ−Fe nanoparticles based on a
strain-induced reversible switch between ferromagnetic and antiferromagnetic
(or paramagnetic above the Néel temperature) states.
based on the 2γ-state model suggests that a strain-induced reversible switch
between ferromagnetic and antiferromagnetic ground states is possible.
When a suitable ferroelectric material surrounds these superparamagnetic
γ−Fe nanoparticles, an electric field applied to the adjacent ferroelectric
matrix mediates the strain on the embedded nanostructures, i.e. moving
along the horizontal axis of Fig. 5.2. Consequently, this drives γ−Fe
through different magnetic ground states, as summarized in Fig. 6.5. This
is possible due to the existence of two electronic states and the crossover
from antiferromagnetic to ferromagnetic ground states with increasing fct
distortion.
The results in this thesis on the embedded γ−Fe nanoparticles in Sr(Ti,Fe)O3
indicate that the change in fct distortion required for a complete switch of
γ-Fe back into the antiferromagnetic state (i.e. left side in Fig. 6.5) can be
as small as ∼ 3 % (Fig. 5.3), and most likely even less, if γ−Fe is grown
more relaxed. This may be feasible for perovskite-type ferroelectrics. For
example, electric-field-induced strain of up to 0.75% has been observed in
BaTiO3 by point-defect mediated reversible domain switching [231]. We
note, furthermore, that a strong magnetoelectric coupling can be achieved
even without a complete switch between magnetic ground states. As the
energy gap between γ1 and γ2 decreases, γ2 can be thermally excited very
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efficiently at relatively low temperature (already at room temperature for
a typical (γ1-γ2) gap of ∼ 0.03 eV, shown in Chapter 5) [32]. Therefore,
even a slight decrease in energy gap (by a small strain-induced change in
expansion/distortion) has a significant effect on the magnetization.
Possible artificial multiferroic systems with γ−Fe as the magnetic constituent
are not limited to systems where γ−Fe nanoparticles are embedded in a
perovskite-type matrix, where a maximal magnetoelectric coupling can be
expected due to the small size of the nanoparticles. Other nanostructures
may also exhibit a strain-induced magnetic ground state. For example, the
interface between an epitaxial fcc thin film and the underlying ferroelectric
oxide substrate can mediate the magnetoelectric coupling. For example, it
has been shown that an fcc Co thin film, which has a very similar lattice
constant afcc,Co of 3.545 Å, can also be successfully grown on SrTiO3
[232]. As mentioned above, the magnetoelectric coupling mechanism that
we propose here shares similarities with that demonstrated for FeRh thin
films on BaTiO3 [220]. There is, however, a fundamental difference. The
antiferromagnetic-ferromagnetic transition in FeRh is of first order, i.e. there
is an abrupt transition between states. Although, in principle, this transition
causes a distinct switch at the Curie temperature (TC between 350 and 400
K), a ferromagnetic/antiferromagnetic phase separation is observed in this
artificial multiferroic structure [233]. The coexistence of ferromagnetic and
antiferromagnetic phases in one FeRh film creates domains being changed
at a different Curie temperature. In the case of γ−Fe, it is a continuous
transition between states. Although this has the disadvantage of likely
yielding a weaker effect of the strain on the magnetization (i.e. smaller
magnetoelectric coupling), it has the advantage of being more robust against
spatial non-uniformities and disorder.
Chapter 7
Conclusion
γ−Fe is a high-temperature phase of the more commonly known α−Fe
allotrope. In contrast to α−Fe, γ−Fe has a face-centered cubic (fcc)
structure. Moreover, it is generally accepted to be antiferromagnetic.
Experimental research on γ−Fe at ambient conditions has been focused on
nanostructures, namely thin films and nanoparticles. The investigations of
the magnetic properties of these γ−Fe thin films revealed different magnetic
behaviors: antiferromagnetic, non-magnetic and even ferromagnetic states.
This variability has been understood as a consequence of a strong coupling
between structure and magnetism. The ferromagnetic ground state is
observed in ultra-thin films which under tensile strain is associated with an
fct distortion. When the thickness of a γ−Fe film increases, it relaxes towards
bulk γ−Fe, both structurally (i.e. cubic structure) and magnetically (i.e.
decreasing magnetization). However, the structural and magnetic properties
of γ−Fe strained along three dimensions, i.e. in embedded nanoparticles
are still not understood. Furthermore, it is yet unknown to what extent the
structural and magnetic properties (and their interplay) of γ−Fe nanoparticles
are related to those of the better understood thin films.
In this thesis, γ−Fe nanoparticles are successfully stabilized in a Sr(Ti,Fe)O3
oxide matrix using ion-beam synthesis. Although SrTiO3 also has a cubic
structure, the lattice mismatch between nanoparticle and matrix is larger
than in the previously used copper-based matrices. The formation mechanism
of these embedded γ−Fe nanoparticles consists of three steps. Upon
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implantation, γ−Fe precipitates are present in an amorphized implanted
SrTiO3 layer. A first annealing step at 500◦C recrystallizes this layer, after
which the iron atoms reside in two subsystems: in γ−Fe nanoparticles and as
non-precipitated iron (i.e. dilute Fe). An increasing annealing temperature
(up to 900◦C) results in a decrease in the fraction of dilute iron, causing
the γ−Fe nanoparticles to grow up to a size of 5 nm. This γ−Fe phase is
unambiguously identified using synchrotron radiation X-ray diffraction and
low temperature Mössbauer spectroscopy. Non-precipitated iron, on the other
hand, mainly substitutes a (near-)ideal titanium position, giving Sr(Ti,Fe)O3
a slightly smaller lattice constant compared to the unimplanted SrTiO3
substrate. The implanted layer is constrained in the in-plane direction
due to the underlying cubic unimplanted SrTiO3 substrate, causing an
out of plane c−axis contraction in the implanted layer. This results in a
strained Sr(Ti,Fe)O3 layer with an fct distortion < 1% on top of the SrTiO3
substrate. A detailed structural characterization of the γ−Fe nanoparticles in
the Sr(Ti,Fe)O3 matrix shows an fct distortion up to 7.3(8) % (depending on
the implanted fluence and annealing conditions). The tetragonal distortion
of the matrix (< 1%) is too small to solely account for the fct distortion
of the embedded γ−Fe nanoparticles. Moreover, these embedded γ−Fe
nanoparticles in Sr(Ti,Fe)O3 are superparamagnetic, i.e. with a ferromagnetic
ground state, in contrast to antiferromagnetic bulk γ−Fe. These detailed
structural and magnetic investigations of embedded γ−Fe nanoparticles
provide evidence of a strain-induced ferromagnetic ground state in analogy
to previously reported behavior of γ−Fe ultra-thin films.
The understanding of the fct ferromagnetic ground state of γ−Fe starts
with the proposed 2γ-state model introduced by Weiss in the early 60’s,
developed for Fe-based fcc alloys. Under tensile strain, γ−Fe has a high-
volume ferromagnetic state, corresponding to Weiss’ γ2 state. When relaxed,
it has a low-volume antiferromagnetic state (γ1 state). The observed
decrease in saturation magnetization with increasing temperature is not well
reproduced by a conventional Curie-type transition (a first-order transition).
The thermal excitation between the γ2 and γ1 states, coexisting in γ−Fe at
finite temperatures, must be taken into account. Based on our findings, we
proposed a unified model that builds on the 2γ-state model and includes the
dependence of the energy difference between the 2γ-states on the magnitude
of the fct distortion. Starting from relaxed fcc γ−Fe, there is a crossover
from an antiferromagnetic to a ferromagnetic ground state with increasing
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fct distortion. Since previous theoretical work has mainly focused on the
effect of an isotropic fcc expansion/contraction, our findings motivate a
general reassessment of γ−Fe taking an fct distortion into account. In the
unified model that we proposed, magnetic order is not simply a consequence
of a given crystallographic structure (e.g. ferromagnetism in bulk bcc Fe and
antiferromagnetism in bulk fcc Fe); in strained γ−Fe, the exchange energy
plays a central role in determining the magnitude of the fct distortion.
As an outlook towards possible uses of the observed strong coupling between
structure and magnetism in functional materials, we discuss the potential of
γ−Fe as the magnetic constituent of an artificial multiferroic system. If γ−Fe
nanoparticles or thin films are interfaced with a suitable perovskite-type
ferroelectric, e.g. BaTiO3 or strained SrTiO3, an electric field applied on the
ferroelectric would induce the strain in the nanostructures. The strain can
then drive γ−Fe through different magnetic ground states. Magnetoelectric
coupling based on a strain-induced switch between different order states has
been recently shown in materials exhibiting a first-order phase transitions
(between order states). The fact that the transition in γ−Fe (thermal
population of the excited state) is less abrupt, is likely to result in a lower
magnetoelectric coupling strength than for first-order transitions. However,
for practical applications, it has the advantage of being robust against spatial
non-uniformities, a limiting factor for systems based on first-order phase
transitions.
The importance of advancing the understanding of metastable γ−Fe phases
and the key role of magnetic order spans various fields, such as long-standing
questions regarding the Invar effect. In a broader context, this rich interplay
between crystal structure, electronic structure and magnetism, in a rather
simple material (an elemental system with a high-symmetry lattice) makes
γ−Fe an ideal benchmark for further development of theoretical formalisms
and techniques dealing with itinerant ferromagnets at a finite temperature.
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